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a b s t r a c t

Fatigue failure in the high-cycle and ultrahigh-cycle regimes is often dominated by the crack initiation
processes, which are strongly influenced by the salient features and defects in the microstructure. Com-
peting fatigue mechanisms involving crack initiation at persistent slipbands, grain boundaries, pores, and
non-metallic inclusions or particles, have been reported to occur at surface sites in the high-cycle fatigue
regime (106–107 cycles), but shift to interior sites in the ultrahigh-cycle fatigue regime (109–1010 cycles).
The changes in fatigue mechanism and crack initiation site result in large variations in fatigue life. This
overview article examines the roles of microstructural features such as grain size, texture, porosity, non-
metallic inclusion in the fatigue crack initiation process and the manners by which these microstructural
effects affect the shape of the stress–life curves.

� 2009 Elsevier Ltd. All rights reserved.
1. Introduction

Crack initiation is a term used differently by scientists studying
fatigue in the laboratory and engineers designing and maintaining
structures. To the scientist, initiation is the number of cycles re-
quired to generate, nucleate, or form the smallest crack that they
can detect by any means [1]. In more recent literature, crack incu-
bation and crack formation are also used interchangeably to de-
scribe this process. On this basis, initiation sets the limit on the
minimum size of a small fatigue crack [2], assuming that the com-
ponent does not have any existing cracks. Typically, initiation is a
complex process that can lead to a crack that is extremely small
(<1 lm) or one that ‘‘pops in” (initiates and rapidly grows) at up
to 100 lm long. To the engineer, initiation is likely to mean the
smallest crack or an engineering-sized crack that can be deter-
mined by a reliable non-destructive evaluation (NDE) technique,
which would, to the scientist, probably mean that the growth of
small cracks is included in this definition. In this paper, the scien-
tific definition of crack initiation is adapted and the term is taken
to mean the process of forming a fatigue crack of a length that is
on the order of a grain size or less.

A fatigue crack is formed as the result of localized plastic defor-
mation during cyclic straining [3–8]. The nature of the slip charac-
teristics often dictates the surface topography near the crack
initiation site and the fatigue crack initiation process. In pure met-
als and some alloys without pores or inclusions, irreversible dislo-
ll rights reserved.
cation glides under cyclic loading leading to the development of
persistent slipbands (PSBs), extrusions, and intrusions in surface
grains [3–8] that are optimally oriented for slip [3–9]. With contin-
ued strain cycling, a fatigue crack can develop at an extrusion or
intrusion within a persistent slipband. The processes responsible
for the formation of persistent slipbands, extrusions, and fatigue
cracks in surface grains are well established, as described in several
reviews [3–8]. Fatigue cracks initiated by the intrusion–extrusion
mechanism from persistent slipbands are referred to as Stage I
cracks, which form on the active slip plane that lies at an angle
(e.g., 45�) to the stress axis. As the slipband or Stage I cracks grow
larger, they alter the crack path to grow more perpendicular to the
stress axis, eventually becoming Stage II fatigue cracks [4–6].

In commercial materials, fatigue cracks often start at metallur-
gical stress concentrations such as inclusions and pores. The crys-
tallographic anisotropy, i.e., texture, of a material also has strong
influences. In some alloys, fatigue cracks nucleate within a local re-
gion where a number of adjacent grains of nearly the same orien-
tation have the slip characteristics of a single large grain. Cracks
can also initiate in grain boundaries, with or without the influence
of environment, or at grain boundary brittle intermetallics, or due
to the chemical segregation of impurities to the grain boundary
[10]. Surface finish has a strong influence on fatigue crack initiation
[11] and residual stresses due to surface preparation can have con-
siderable influence on the number of cycles to initiation.

The complex microstructures in structural metals and engineer-
ing alloys result in a number of features that are potential sites
where competing fatigue crack initiation mechanisms may occur.
As an example, fatigue crack formation in Ni-based superalloys
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can occur at planar slipbands, grain boundaries, pores, and inclu-
sions, depending on processing condition, temperature, stress or
strain range, loading frequency, and environment [12]. A number
of recent reports have identified substantial fatigue life variations
in structural alloys that exhibit multiple competing crack initiation
mechanisms [13–15]. While the worst-case fatigue life regime is
often dominated by the growth of small cracks [15], crack initia-
tion at multiple sites is usually involved.

The complexity of the fatigue crack initiation processes is most
evident in the ultrahigh-cycle fatigue (UHCF) regime [16–18],
where the cycle to failure exceeds 109 cycles. Extensive experimen-
tal studies indicated conventional fatigue limit defined as run-out
at 107 cycles (HCF) is not a ‘‘true” endurance limit in many metals
and alloys, which may show failure when the number of fatigue cy-
cles is extended into the UHCF regime. Two types of S–Nf curves
have been proposed for UHCF, which are illustrated in Fig. 1a
and b [16–18]. The S–Nf curve in Fig. 1a exhibits two dual fatigue
limits, an apparent one in the 106–107 cycles and a lower limit in
the 109–1010 cycles. The transition is accompanied by a change
in the fatigue crack initiation mechanism from crystallographic
surface facets to pores and inclusions in interior grains. The S–Nf

curve shown in Fig. 1b manifests one apparent fatigue limit in
the 106–107 cycles but the stress amplitude decreases further with
increasing fatigue cycles in the 109–1010 cycles without the pres-
ence of an endurance limit. In a recent paper, Mughrabi [18]
Fig. 1. Schematics of multi-stage stress–life (S–Nf) curves: (a) S–Nf curve with
double fatigue limits for surface and internal initiation, and (b) S–Nf curve with an
apparent fatigue limit for surface initiation but without one for interior initiation.
From Nishijima and Kanazawa [16], Murakami et al. [17], and Mughrabi [18].
suggested that multiple fatigue limits, each corresponding to
individual crack initiation mechanisms, can exist in an S–Nf curve.

The objective of this article to assess the role of various constit-
uents of the microstructure in the fatigue crack initiation processes
including those at slipbands, pores, grain boundaries, and inclu-
sions. Particular attention is focused on identifying pertinent
microstructural or micromechanical parameters for the various
crack initiation mechanisms operative in surface grains or in inte-
rior grains. Relevant parameters are utilized to elucidate scenarios
that can lead to the transition of surface crack initiation to subsur-
face initiation and the formation of double fatigue limits in some
alloys and their absence in others. In this article, crack initiation
at slipbands and grain boundaries is considered in Section 2. Fati-
gue crack initiation at pores and inclusions is treated in Sections 3
and 4, respectively. The process of fatigue crack initiation from ma-
chined surfaces is described in Section 5, which is then followed by
prospects and challenges for future development in Section 6 and
concluding remarks in Section 7.

2. Fatigue crack initiation at slipbands

2.1. Persistent slipbands

In pure metals and some alloys, irreversible dislocation glides
under cyclic loading lead to the development of persistent slip-
bands (PSBs), extrusions, and intrusions in surface grains that are
optimally oriented for slip. The evolution of dislocation structures
as a function of strain amplitude and cyclic stress–strain behaviors
has been investigated for a number of metals and alloys, mostly
notably Cu [4–6], Ni [19–22], Ti [23], and steels [23–26]. The pro-
cesses responsible for the formation of persistent slipbands, extru-
sions, and fatigue cracks in surface grains are well established, as
described in several reviews [4–6]. In general, planar slip is preva-
lent in materials with a low stacking fault, while wavy slip is more
prevalent in materials with high stacking fault energy [27].

Recent works on surface crack initiation have focused on the
evolution of slip morphology with fatigue cycles. Harvey et al.
[23] reported the first atomic force microscopy (AFM) measure-
ments of slip spacing and slip height displacement for fatigue of
Ti and HSLA steel. Using atomic force microscopy and high-resolu-
tion scanning electron microscopy, Polak and coworkers [24–26]
showed that the surface roughness in two cyclically loaded stain-
less steels was caused by persistent slip marking formed by extru-
sions and intrusions. Their results showed that the mean extrusion
height appeared to increase linearly with fatigue cycles in a 316
stainless steel, but non-linearly in a ferritic stainless steel. A dislo-
cation dynamics model has been utilized to simulate the evolution
of dislocation structures in 316L austenitic stainless steels for sin-
gle slip and multiple slip conditions [28]. The results indicated that
cross slip is responsible for redistributing slip among slipbands.

Chan et al. [29] recently studied the evolution of slip morphol-
ogy in the surface grains of Ni200 during low-cycle fatigue by mea-
suring the slipband width (h) and spacing (w), which are defined in
Fig. 2a. They showed that in Ni200, the slipband width, the slip-
band spacing, and the slipband-width-to-spacing ratio all varied
with fatigue cycles and show substantial variations among individ-
ual grains. The slip morphology of Ni200 is illustrated in Fig. 2b.
The slipband width (h), spacing (w), and the width-to-spacing ratio
were correlated as a function of the number of fatigue cycle, N, in a
double logarithm plot. There appears to be a linear relation be-
tween log (h/w) ratio and log N with a slope of 0.168, Fig. 2c. The
increase of the h/w ratio was the result of an increase of the slip-
band width (h) and a decrease of the slipband spacing (w) with
increasing fatigue cycles.

Chan et al. [29] also measured the local slipband morphologies
in Ni200 specimens near the onset of fatigue fracture. The h/w ra-
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Fig. 3. Crack initiation mechanisms in Ni200: (a) slipband crack and (b) slipband
width and spacing at crack initiation near the onset of fatigue fracture. From Chan
et al. [29].
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tios were made on grains that were located near the fracture sur-
faces for strain amplitudes at ±0.125%, ±0.25%, ±0.5%, and ±0.75%
in order to investigate the common characteristics of these param-
eters, if any, near the onset of fatigue fracture. Fig. 3a presents a
slipband crack in Ni200 tested at a strain amplitude of ±0.25%.
Fig. 3b shows a comparison of the slipband width and spacing at
various strain amplitudes. The results indicated that in all four
cases, the slipband width was on the order of 1 lm and appeared
to be relatively insensitive to the strain amplitude. In contrast,
the slipband spacing decreased as more slipbands were activated
when the strain amplitude increased. At higher strain amplitudes
(e.g., ±0.75%), the slipband width and spacing were almost identi-
cal, leading to a slipband-width-to-spacing ratio of unity.

A cycle-dependent h/w ratio that manifests a critical value at
fracture has important significance in fatigue crack initiation. The
significance can be illustrated by recognizing that the accumula-
tion of the shear plastic strain range, Dcps, within a slipband is gi-
ven by DcpsN. Assuming that fatigue crack initiation occurs when
the accumulated shear plastic strain range value reaches a critical
value leads one to [29]

DcpsN ¼ C1 ð1Þ

where C1 is a constant. The macroscopic plastic shear strain range,
Dcp, of the test specimen is given by

Dcp ¼ VsDcps ¼
h
w

� �
Dcps ð2Þ

where Vs is the volume fraction of slipbands within the grains in the
test specimen. The plastic strain range, Dep, can be related to the
plastic shear strain through the Taylor factor, M, leading to

Dep

M
w
h

� �
N ¼ C1 ð3Þ
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The correlation results in Fig. 2c suggest that the slipband-
width-to-spacing ratio h/w may be related to fatigue cycles accord-
ing to a power-law given by

h
w
¼ C2Nb ð4Þ

which, after combined with Eq. (3), leads to the Coffin–Manson
equation [30,31] for low-cycle fatigue

DepNa
f ¼ C ð5Þ

where a(=1 � b) is the fatigue life exponent; C = MC1C2 is the fatigue
life coefficient; Nf is the cycle crack initiation or fracture. The value
of the a exponent, which ranges from 0.5 to 1 for most metals, is
known to depend on the stacking fault energy [27]. The relation
suggests that the value of the fatigue life exponent in the Coffin–
Manson equation [30,31] may have its origin in the evolution of
the slipband morphology in general and the h/w ratio in particular.
This finding is consistent with the experimental observation that
the fatigue life exponent varies with the stacking fault energy [27].
σm

σm

Δτ
Δτ

Soft Grain

Strain

S
tr

es
s

σm

σUTS

Δσa

Δσe εf

Fig. 4. Schematics of crack initiation under fatigue at a mean stress: (a) schematic
shows a dislocation pile-up in a soft grain (primary a) subjected to a shear stress
range, Ds, and a mean stress, rm, acting normal to the slip plane and (b) a schematic
stress–strain curve showing cyclic loading with a stress range, Dra, at a mean
stress, rm, and the fatigue limit, Dre, for fully reversed loading at zero mean stress
(rm = 0). From Chan and Lee [46].
2.2. Microstructure-based stress–life relations

Fatigue cracks initiated by the intrusion–extrusion mechanism
from persistent slipbands form on the active slip plane that lies
at an angle (e.g., 45�) to the stress axis. Most of the slipband cracks
have been found to occur in surface grains that are optimally ori-
ented for slip and exhibit a Schmid factor of about 0.5 in Ni-based
alloys [9] and in steels [26]. Crack initiation is a complex process
that can lead to a crack that is extremely small (�1 lm or less)
or one that appears to ‘‘pop in” (initiates and rapidly grows) at
up to 100 lm long. Planar slip materials are known to concentrate
slip and form persistent slipbands that eventually become cracks.
Coarse-grained materials are more prone to slipband cracks than
fine-grained materials. A number of mechanistic models have been
proposed to describe the initiation of fatigue cracks at slipbands or
extrusions.

The crack initiation model of Tanaka and Mura [32–34] was
based on a dislocation dipole mechanism operating in a surface
grain. During fatigue loading, irreversible slip occurs on parallel
slip planes in a favorably oriented surface grain, producing disloca-
tion dipoles at the ends of a double pile-up whose coalescence
ultimately leads to crack nucleation. Tanaka and Mura’s model
[32–34] was extended by Chan [35] to explicitly incorporate the
microstructural unit length, crack size, as well as other pertinent
material parameters in the response equation by considering the
energetics of the fatigue crack initiation process. Specifically, the
length of the incipient crack was obtained by equating the elastic
strain energy released by dislocation coalescence and crack open-
ing to the fracture energy, consisting of elastic and plastic compo-
nents, required to form the crack surfaces. For fully reverse loading,
the stress–fatigue life relation due to Tanaka and Mura can be
expressed as [32,36]

ðDrR � 2MkÞNa
f ¼ f ð6Þ

leading to

rR ¼
f
2

N�a
f þMk ð7Þ

where M is the Taylor factor, k is the critical resolved shear stress of
the active slip system, Nf is the fatigue life, f is the fatigue life coef-
ficient, and a is the fatigue life exponent. The fatigue life coefficient,
f, for crack initiation at a dislocation pile-up in a grain is given by
[36]
f ¼ 8M2l2

kpð1� mÞ

" #1=2
h
d

� �
c
d

� �1=2
ð8Þ

where l is the shear modulus, h is the slipband width, d is grain
size, and c is the dislocation pile-up length or the crack size since
a dislocation pile-up can be viewed as a shear crack.

In a recent study, the dependence of fatigue life on mean stress,
rm, was theoretically investigated [36] by considering crack initia-
tion by a dislocation pile-up along a planar slipband in a grain sub-
jected to a cyclic shear stress range Ds, as shown in Fig. 4a. In
addition, the mean stress, rm, is applied normal to the slipband,
as depicted in the stress–strain response shown in Fig. 4b. Since
rm is normal to the slipband, it has no effect on the slip behavior
but is expected to influence the crack initiation process and the
subsequent crack growth behavior. The theoretical result indicated
that for fatigue under a mean stress, a linear dependence of stress
amplitude (ra) and mean stress (rm) exist at a constant fatigue life
as given by [36]

ra ¼ rR 1� rm

rUTS

� �
ð9Þ

where rUTS is the ultimate tensile strength. Substituting Eq. (7) into
Eq. (9) leads one to [36]

ra ¼
f
2

N�a
f þMk

� �
1� rm

rUTS

� �
ð10Þ

which is often referred to as the modified Goodman relation [37].
According to Sendeckyj [38], the linear relation between ra and
rm was incorrectly attributed to Goodman [37], as Fidler [39] was
the first to report a linear relation between ra and rm and Haigh
[40] was the first to use the straight line representation of constant



Fig. 6. (a) FE mesh of soft primary a grains (dark) and hard (light) Widmanstatten
a + b colonies in a duplex microstructure and (b) normalized hydrostatic stress for
Va = 0.56 and under plane strain condition at an average stress of 528 MPa. The
hydrostatic stress is normalized with respect to the yield stress of individual phases.
From Chan and Lee [46].
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fatigue life data. This linear mean stress dependence shown in Eq.
(10) remains valid regardless of the values of the microstructural
parameters such as f, M, a, and k since these parameters are inde-
pendent of the mean stress for a specified Nf value [36].

2.3. Effects of microstructure-induced plastic constraint on Goodman
diagram

In multiphase alloys, substantial elastic–plastic interactions can
occur among constituent grains in the microstructure during cyclic
loading due to differences in the critical resolved shear stresses,
grain size, and crystallographic orientation of individual phases
or constituent components [36]. One particular example is the du-
plex microstructure in a + b Ti alloys, including Ti–6Al–4V, Ti–6Al–
2Sn–4Zr–2Mo, and Ti–6Al–6V–2Sn [41–44]. The duplex micro-
structure is usually obtained by annealing the material in the
a + b phase field to produce primary a grains. Subsequent cooling
at a sufficiently high rate leads to the formation of a lamellae with-
in the remaining b grains to form lamellar or Widmanstatten a + b
colonies [43,44]. Fig. 5 shows a typical duplex microstructure of Ti–
6Al–4V [45]. Since the primary a grains are generally softer than
the a + b colonies, the duplex microstructure is thus comprised of
a two-microconstituent microstructure of soft and hard grains.

Recently, Chan and Lee [46] analyzed the effects of the deforma-
tion behaviors of individual phases in Ti-alloys with a duplex
microstructure containing a mixture of primary a grains and
lamellar a + b colonies by applying the finite-element-method
(FEM) to the relevant microstructure, of which some of the details
are shown in Fig. 6a. The softer primary a grains and the harder
lamellar a + b colonies were treated as distinct microstructural
units with different constitutive properties. The FEM results indi-
cated that the softer (primary a) phase, which reached yielding
first, tended to concentrate both the plastic strain and the hydro-
static stress, whose magnitudes depend on the volume fraction
of the primary a grains and the load levels. The concentration of
hydrostatic stresses in the primary a phase in the duplex micro-
structure is presented in Fig. 6b.

The hydrostatic stress, ra
m, in the primary a phase of a micro-

structure containing primary a and lamellar a + b colonies is com-
prised of two components: one originated from rm due to the
external stress state and another induced by the microstructural
constraint imposed on the softer primary a phase by the harder
lamellar a + b colonies. Thus,

ra
m ¼ rm þ rmc ð11Þ
Fig. 5. Duplex microstructure of Ti–6Al–4V with 60% primary a grains (light phase)
and 40% of a + b Widmanstatten colonies. From Chan and Enright [45].
where rmc is the mean stress induced in the softer grains. Eq. (10)
can be combined with Eq. (11) to give [46]

ra ¼
f
2

N�a
f þMk

� �
1� rm

rUTS
� rmc

rUTS

� �
ð12Þ

which indicates that bilinear mean stress dependences occur in the
presence of microstructure-induced plastic constraint, rmc. The
higher plastic strain and hydrostatic stress renders the softer phase
more prone to crack nucleation by high-cycle fatigue than the hard-
er phase. FEM analysis of the duplex microstructure of primary a
grains with a + b Widmanstatten colonies (lamellar colonies) sug-
gested that the microstructurally-induced hydrostatic stress is gi-
ven by [46]

rmc ¼ qV2
að1� VaÞrm ð13Þ

where Va is the volume fraction of primary a grains and q is a con-
stant representing the plastic interaction between the primary a
grains and lamellar a + b colonies. Substituting Eq. (13) into Eq.
(12) leads one to [46]

ra ¼
f
2

N�a
f þMk

� �
1� rm

rUTS
1þ qV2

að1� VaÞ
h i� �

ð14Þ

which indicates that the linear dependence between stress ampli-
tude and mean stress of the modified Goodman relation, Eq. (10),
is altered by the presence of microstructurally-induced constraint
in the softer primary a grains. In particular, the microstructure-in-
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duced hydrostatic stress reduces the mean stress required to cause
ultimate fracture in the primary a phase and leads to bilinear rela-
tions between ra and rm, as shown in Fig. 7. At low mean stresses,
the linear relation exhibits a steeper slope and describes the depen-
dence of ra on mean stress for the primary a phase. At higher mean
stresses, the primary a grains are cracked and the second linear
relation, which describes the ra and rm relation of the lamellar
a + b colonies, is given by [46]

ra ¼ ð1� VaÞrL
e 1� rm

rUTS

� �
ð15Þ

where rL
e is the fatigue limit of the lamellar a + b colonies for fully

reverse loading. According to Eqs. (14) and (15), the plastic interac-
tions between the primary a grains and the lamellar a + b colonies
lead to different hydrostatic stresses in individual microstructural
units which are then manifested as different mean stress depen-
dence of the fatigue limits.

It is well-documented that Ti-alloys exhibit two different mean
stress dependences which vary with microstructure [41,42,47–51].
A linear dependence between ra and rm has been observed in a-Ti
[47,48], b-Ti [47,48], and fully lamellar a + b Ti alloys [47,48,50,51].
In contrast, near-a and a + b Ti alloys with a duplex microstructure
consisting of primary a grains and lamellar a + b colonies manifest
an anomalous mean stress sensitivity and deviations of ra below
the Goodman line (negative deviations) [47,48,50,51]. For example,
experimental data of Ti–6Al–4V [50,51], shown in Fig. 8, show a
linear relation between ra and rm for the lamellar a + b micro-
structure. For duplex microstructures with primary a grains and
lamellar a + b colonies, non-linear ra and rm relations with nega-
tive deviations (ra < Goodman line at a given rm) from the Good-
man line are observed. For Ti–6Al–4V alloy with a duplex
microstructure, the reduction of ra due to the constraint effect is
a non-linear function of the volume fraction of the primary a grains
in the microstructure [45].

2.4. Microstructural influence on S–Nf curve

Fatigue crack initiation life depends on a number of microstruc-
tural parameters in a complicated manner. According to Eqs. (10)
and (12), fatigue crack initiation is favored in grains with a low va-
lue of the Taylor factor. The lowest value of Taylor factor is 2 and it
corresponds to a Schmid factor of 0.5. Several studies have shown
that slipband crack initiation in coarse-grained Ni-based alloys
Fig. 7. Schematic illustrating the reduction of the alternating stress, ra, by
microstructure-induced hydrostatic stress that leads to bilinear HCF failure curves
for the softer primary a grains and the harder lamellar a + b colonies in Ti–6Al–4V
with a duplex microstructure. From Chan and Lee [46].
predominantly occurred in surface grains that were optimally ori-
ented for slip and exhibited a high Schmid factor close to 0.5 [9].
On the other hand, crack initiation in surface grains with a lower
Schmid factor was also observed [9], indicating the crystallo-
graphic orientation was not the only microstructural parameter
affecting the crack initiation process.

The important role of grain size in fatigue crack initiation is well
established and can be predicted on the basis of Eqs. (10) and (12).
In general, fatigue crack initiation is favored in coarse-grained
material compared to fine-grained materials, assuming everything
else is equal. It is also well-documented that crack initiation life in-
creases and crack propagation life decreases with decreasing grain
size for microcrystalline materials. These general trends are also
applicable in nanocrystalline Ni with a 30 nm grain size and in
ultrafine-grained Ni (100 nm to 1 lm grain size) [52,53]. Hanlon
et al. [52,53] showed that grain refinement resulted in improve-
ments in the S–Nf response and increases in the fatigue limit, but
reduction in the FCG resistance due to higher fatigue crack growth
rates and decreases in the FCG threshold. A recent study [54] indi-
cated in Ti-6246 with a duplex microstructure, fatigue crack initi-
ation occurred in primary a grains in which grain sizes were larger
than average grain size and tilted toward the largest grain size tail
of the grain size population, even though the largest grain may not
always initiate a fatigue crack. The finding appears to reinforce the
notion that more than one microstructural parameter influences
the crack initiation process.

Texture may enhance fatigue crack initiation if groups of grains
are oriented for easy slip within the applied stress field. In some al-
loys, the apparent grain size may not be an accurate view of the
effective ‘‘grain size” characterizing the slip distance. An example
of this phenomenon is a ferritic–pearlitic steel, where the underly-
ing alpha grain has only one crystallographic orientation [55], or a
grain existing in the gamma phase before a martensitic transfor-
mation, which is larger than any dimension in the transformed
structure. Besides steels, textural influences also exist in many
Ti-alloys [54,56]. For example, prior b grains in a + b Ti alloys trans-
form to groups of similarly oriented a + b lamellar colonies that ex-
hibit similar slip behavior and easy slip transmission across colony
boundaries. Therefore, the effective slip distance of the similarly
oriented a + b lamellar colonies is the size of the prior b grains
and not the smaller lamellar colony size [54,56]. A group of simi-
larly oriented grains that exhibit cooperative slip behavior over a
distance larger than the characteristic distance of individual grains
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is often referred to a supergrain [1,57], whose larger slip distance
often leads to easy crack initiation and results in lower fatigue life.

In the absence of defects, fatigue crack initiation tends to occur
at surface grains which are optimally oriented for slip by virtue of a
low Taylor factor of M = 2. In the interior grains, the Taylor factor is
generally higher because of the activation of multiple slip systems,
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some of which may not be oriented for optimal slip. The increase of
the Taylor factor (M) has the effect of shifting the fatigue life to
higher stress amplitude and longer life. The increase in slip unifor-
mity causes an increase in the f value via Eq. (10) and a shift of the
ra–Nf curve to longer fatigue lives via Eq. (12), as shown in Fig. 9
[36]. In the case of a duplex microstructure, the softer phase in
the interiors is also subjected to a microstructure-induced con-
straint stress that reduces the ra at a given mean stress and leads
to bilinear ra–rm relations. In contrast, the reduction of ra by rmc

results in a lower fatigue limit in a plot of ra–Nf curve, as illus-
trated in Fig. 9. Thus, the transition of fatigue crack initiation from
surface grains to interior grains can drastically alter the mean
stress dependence and leads to the mean stress anomaly [41,42],
and an over-prediction of HCF fatigue strength if linear mean stress
dependence is tacitly assumed. Since the M and rmc terms in Eq.
(12) produce opposite effects, a range of fatigue life behavior and
a high degree of variability can be expected, including multiple
apparent fatigue limits, which are depicted in Fig. 9. The rmc term
is expected to dominate when the volume fraction of primary a
phase in the duplex microstructure is substantial. e.g., Va = 60–
80% in Ti–6Al–4V [45].

Double fatigue limits have been observed in Ti–6Al–4V with the
duplex microstructure [38,58–60] and the mill-annealed micro-
structure [61]. The S–Nf curves of these two alloys resemble that
shown in Fig. 1a. Applications of Eq. (12) to the fatigue data of
these two microstructures are presented in Fig. 10a and b, respec-
tively. The double fatigue limits (one apparent and one true) were
accompanied by a change of fatigue mechanism from surface-grain
initiation to interior-grain initiation [48,61]. According to Eq. (12),
the double fatigue limits are caused by two competing effects: (1)
an increase in the f value due to higher M and slip morphology in
the interior grains, and (2) a higher microstructure-induced plastic
constraint, rmc, in the interior grains. The concentration of hydro-
static stresses and plastic strains in soft grains, which accompany a
high rmc, leads to both bilinear mean stress dependences in a ra–
rm plot and double fatigue limits in a ra–Nf curve.

2.5. Microstructural influence on Kitagawa diagram

Kitagawa diagram is a double logarithmic plot of stress range
versus crack length that depicts the limiting stress against crack
initiation and the growth of a large-crack [62]. Such a plot is usu-
ally constructed by plotting the fatigue limit, usually taken at a fa-
tigue life of 107 cycles, as a horizontal line from an arbitrarily small
initial crack length (e.g., 1 lm) up to the small-crack limit, a0. This
horizontal line represents the limiting stress below which fatigue
crack initiation does not occur. The large-crack growth boundary
is a slanted line with a slope of �1/2 that intersects the endurance
limit line at a0. A fatigue crack with a length greater than the slant
boundary has a DK larger than the large-crack threshold and can
grow to failure.

The occurrence of crack initiation at stress ranges below the
conventional HCF fatigue limit requires the addition of a horizontal
boundary in the Kitagawa diagram to represent the endurance lim-
it at UHCF. In addition, the growth of small cracks below the large-
crack threshold requires the addition of a slant boundary to repre-
sent the intrinsic FCG threshold for the softer grain. These changes
of the Kitagawa diagram are depicted in Fig. 11 [36]. The addition
of these two boundaries creates a regime where microcracks are
initiated and arrested. Once initiated, the fatigue cracks can remain
dormant without subsequent growth when the crack lengths are
small and the stress intensity factors are below the intrinsic FCG
threshold. The non-propagation region, which is shown as Region
NP in the Kitagawa diagram [62] in Fig. 11, accumulates fatigue
damage by nucleating more fatigue cracks that coalesce with exist-
ing cracks until the crack length is sufficiently long that the intrin-
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sic threshold is exceeded [56,63]. Then the small cracks can poten-
tially propagate to become large-cracks and the critical length for
fracture to occur. The region where fatigue cracks can propagate
to failure is indicated as Region P in Fig. 11. For stress ranges below
the UHCF endurance limit, crack initiation does not occur unless
assisted by the stress concentration factor of a defect in the micro-
structure. This process of fatigue crack initiation and coalescence
Fig. 12. A schematic depiction of the crack initiation and coalescence process in primary
Ti alloy with a duplex microstructure: (a) primary a grains in a prior b grain, (b) slip in p
cracks to form a microcrack across the prior b grain. From Szczepanski et al. [54].
to form a microcrack in a supergrain, which is illustrated schemat-
ically in Fig. 12, has been observed in several a + b Ti alloys with a
duplex microstructure.

The plastic interaction stresses associated with soft primary a
grains and hard Widmanstatten colonies in a + b Ti alloys are ten-
sile and compressive, respectively [46]. At a scale that encom-
passes both soft and hard grains, the interaction stresses may
cancel each other such that their respective effects on fatigue life
can be nullified. These interaction stresses can also cancel out at
length scales larger that the sum of the dimensions of these micro-
structural features. On this basis, it can be expected that the inter-
action stresses affect fatigue crack initiation and the growth of
small cracks which small plastic zone size interrogates a length
scale on the order of one grain-size or less. As the crack length in-
creases, the plastic zone interrogates a larger number of grains, and
the probability that the compressive and tensile interaction stres-
ses cancel each other increases. The consequence is that the effects
of microstructure-induced constraint stresses are likely to be less-
ened as the crack length increases and the plastic zone engulfs a
sufficient number of grains to behave more like a continuum. Thus,
the interaction stresses are expected to predominantly affect the
fatigue life in the high-cycle fatigue and ultra high-cycle fatigue re-
gimes where crack initiation and early growth of small cracks
dominates and could have lesser effects in the LCF region where
continuum crack growth dominates.

2.6. Slip-induced grain boundary initiation

Besides intrusions and extrusions, fatigue crack initiation can
occur at grain boundaries and twin boundaries as the result of slip
impingement [4–6]. In the absence of grain boundary segregation
a grains to form a microcrack in a prior b grain that acts like a supergrain in an a + b
rimary a grains, (c) slipband cracks in primary a grains, and (d) linking of slipband
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and environment effects, fatigue cracks can initiate at high-angle
grain boundaries that lie close to normal to the tensile stress and
at grain boundaries that exhibit large misorientation angles or
are impinged by localized slipbands [57]. In particular, fatigue
cracks are initiated when slip causes steps along grain boundaries.
In general, fatigue cracks initiate at grain or twin boundaries where
impinging slip causes plastic incompatibility and stress concentra-
tion. Furthermore, grain boundary initiation is more prevalent at
high strains than at low strains [29].

The tendency of grain boundary cracking relative to slipband
crack was reported for Ni200 at several strain amplitudes [29]. Fa-
tigue crack initiation at low strain amplitudes (±0.125% and
±0.25%) occurred by decohesion along slipbands, as illustrated in
Fig. 13a. At a strain amplitude of ±0.5%, fatigue cracks initiated
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Fig. 13. Crack initiation mechanisms in Ni200: (a) decohesion along slipbands, (b)
grain-boundary cracking, and (c) relative percentage of slipband and grain-
boundary cracks at various strain amplitudes. From Chan et al. [29].
from either slipbands or at grain boundaries. At ±0.75% amplitude,
fatigue cracks initiated mostly from grain boundaries as shown in
Fig. 13b, although slipband cracks were observed occasionally. A
significant observation of the results shown in Fig. 13a and b is that
most of the slipband cracks lie within individual grains and often
stop at grain boundaries. In contrast, most of the grain-boundary
cracks extend to occupy several grain-boundary facets, rather than
confining to a single grain boundary. Fig. 13c shows that the per-
centage of fatigue cracks formed along slipbands decreases with
increasing strain amplitudes. At ±0.125% strain amplitude, about
90% of the fatigue cracks were slipband cracks. The percentage de-
creased to 13% at a strain amplitude of ±0.75%. The corresponding
values of slipband width and spacing for fatigue crack initiation at
various strain amplitudes are shown in Fig. 3b, which shows that
the slipband-width-to-spacing approaches unity when fatigue
crack initiation occurred regardless of the crack type.

Studies on Waspaloy [57,64] revealed that fatigue crack initia-
tion occurred at both slipbands and grain boundaries under cyclic
loading at a maximum stress corresponding to 85–95% of the yield
strength. The crack initiation sites were grains with a size larger
Disorientation Angle Deviation, Degrees
-40 -20 0 20 40

D
is

or
ie

nt
at

io
n 

Ax
is

 D
ev

ia
tio

n,
 D

eg
re

ss

0

10

20

30

40

Waspaloy VT-8
Cracked
Uncracked

VT-10
Cracked
Uncracked

Fig. 14. Crack initiation in grain clusters in Waspaloy: (a) a grain cluster with
similar Schmid factor (circled in red) and grain-boundary cracks initiated by LCF
[64] and (b) plot of disorientation angles indicating fatigue crack initiation is
favored in grain clusters with disorientation angles that are less than 15� [57]. (For
interpretation of the references to colour in this figure legend, the reader is referred
to the web version of this article.)



K.S. Chan / International Journal of Fatigue 32 (2010) 1428–1447 1437
than the average grain size, but not necessarily the largest grains.
The initiation site was located in a cluster of grains that exhibited
similar Schmid factors. The grain clusters, shown in Fig. 14a [64],
that initiated fatigue cracks exhibited low-angle boundaries with
an angle of misorientation less than 15�, as shown in Fig. 14b
[57]. In contrast, clusters with misorientation higher than 15� did
not initiate fatigue cracks, Fig. 14c. Furthermore, grain boundaries
were more likely to crack when impinged by slipbands at an angle
larger than about 72� [57]. These findings suggested that fatigue
crack initiation in Waspaloy appeared to occur in a ‘‘supergrain”,
i.e., a cluster of grains with similar crystallographic orientation that
enables easy slip transmission across low-angle grain boundaries.
Such a grain cluster also acts like a single grain with an effective
slip distance that is larger than the average grain size. The implica-
tion is that local texture is important for crack initiation and its
influence can manifest as a neighborhood effect by adjacent grains.
Besides Ni-based alloys, the ‘‘supergrain” phenomenon has also
been observed in Ti-alloys [54,56], as alluded to earlier in proceed-
ing section.
3. Crack initiation at pores

Fatigue crack initiation at pores is fairly common in cast alloys
[65–71] and in powder-metallurgy alloys [12]. In cast Al- and Mg-
alloys, the casting pores can be gas pores which are typically
Fig. 15. Pore morphology: (a) large rounded gas pores and shrinkage pores with sharp ra
crack nucleation at casting pores and propagation around a dendrite arm in B319–T6: (c
debonded Si particles by propagating along apparent interdendritic boundaries. The loa
round, and shrinkage pores which typically exhibit a more complex
geometry, including sharp radii and crack-like features [65–71]. In
Al alloys such as A356 and B319, which are used as engine block
materials, shrinkage pores are usually located near or at grain
boundaries, often accompanied by the presence of oxide films
and brittle intermetallic phases [67,71]. Fig. 15a and b shows
examples of shrinkage pores in B319 and A356 castings, while
Fig. 15c and d depicts fatigue crack initiation at casting pores in
these two cast materials [71].

The fatigue life in Al castings is significantly affected by the
crack initiation site. In particular, fatigue failure can originate from
porosity, oxide films, inclusions, intermetallic phases, Si particles,
and slipbands [66,67]. In general, crack initiation at persistent slip-
bands occurs only at low or essentially zero porosity. Crack initia-
tion at pores generally dominates when the pore size or porosity
exceeds a critical level in Al castings. A comparison of the Weibull
plots of fatigue life data for Sr-modified A356 Al, shown in Fig. 16
[66], indicates that fatigue failure is controlled mostly by porosity,
followed by oxide film, and then persistent slipband. Both the fati-
gue strength and the fatigue life are reduced with increasing the
pore size. Many investigators showed that fatigue life decreases
with increasing pore areas and is dominated by fatigue crack
growth [69]. For most cases, fatigue cracks initiated from pores lo-
cated at or near the surfaces [67–69]. Fig. 17a shows the distribu-
tion of initiation pore size in E319 Al castings tested at two
dius of curvatures in B319–T6 and (b) large rounded gas pores in A356–T6. Fatigue
) cracks grew around a dendrite arm and (d) fatigue cracks linked casting pores and
ding axis is horizontal in (c), but is vertical in (d). From Chan et al. [71].



Fig. 16. Weibull plots of fatigue life data of Sr-modified A356 castings exhibiting
crack initiation sites at pores, oxides, and slipbands. From Wang et al. [66].

Fig. 17. Initiation pore size distribution and S–Nf curves for E319 Al castings at two
test frequencies: (a) pore size distribution and (b) S–Nf curves. Fatigue life is
dominated by FCG due to large pore size. From Zhu et al. [69].
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frequencies. The corresponding S–Nf curves are shown in Fig. 17b
[69]. Because of the presence of relatively large pores, the fatigue
life of E319 Al castings is dominated by crack growth, even in the
very high-cycle regime [69].

In gigacycle fatigue, fatigue crack initiation in a cast Al alloy oc-
curs at pores located at or near the surface [68]. The maximum
pore size was less than 120 lm and it appeared to exert minimal
effects on fatigue life. The fatigue life increases with decreasing
stress amplitude without an endurance limit at 1 � 109 cycles. In
contrast, fatigue crack initiation in a cast Mg alloy (hot-pressed
AZ91) occurs at pores located at or near the surface [68]. Despite
the presence of pores, hot-pressed (hp) AZ91 exhibits an endur-
ance limit at 1 � 109 cycles [68]. Fig. 18 compares the S–Nf curves
of cast Al and Mg alloys [68]. The difference in fatigue behavior in
the various cast alloys appears to be related to the pore size. A
number of investigators reported that fatigue life decreases as
the size of the crack initiation pores are increased [67]. Below a
critical pore size, the fatigue strength of pore-containing castings
is similar to those that are isostatically pressed and pore-free. For
Sr-modified A356 alloys, the critical pore size is about 25 lm [67].

The influence of pore size, spacing, and clustering on fatigue
crack incubation, which includes crack formation and the growth
of the small crack within the local strain field of the pore, has been
analyzed by Fan et al. [72] using an FEM-based micromechanical
approach. Using a cluster of four pores of selected sizes and spac-
ing, Fan et al. [72] computed the local strain amplitudes in the
pore-containing specimen subject to various stress amplitude.
The local strain amplitudes were used to estimate the cycles to
crack incubation using either the Coffin–Manson equation [30,31]
or the Fatemi–Socie critical plane criterion [73]. As expected, larger
pores concentrate higher plastic strain and lead to a lower fatigue
crack incubation life [72]. Similarly, smaller pore spacing allows
more pore interaction, leading to higher strain concentration and
lower incubation life. There is also a competition between the ef-
fects of pore size and spacing size on plastic strain intensification
[72]. The plastic strain intensification effect is sensitive to the ap-
plied stress level and is more severe at stress amplitudes below
macroscopic yielding [72].

Most, if not all, of the fatigue analyses of cast alloys in the liter-
ature rely on large-crack fracture mechanics and fatigue crack
growth data. In many instances, the pore areas are considered
cracked areas and utilized in the estimation of the fatigue life.
More often than not, these analyses showed that fatigue crack
growth dominates the fatigue life of cast alloys with porosity levels
exceeding a critical level of pore size or porosity and the fatigue
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Fig. 20. Comparison of worst-case notch prediction with notched steel HCF data
showing the existence of a threshold stress (solid and dashed lines) controlled by
FCG and a threshold stress controlled by crack initiation (dotted line). The worst-
case threshold stress depends on the notch geometry and the small-crack growth
threshold. From Hudak et al. [74].

K.S. Chan / International Journal of Fatigue 32 (2010) 1428–1447 1439
strength can generally be predicted on the basis of the large-crack
fatigue crack growth threshold. While this approach captures most
of the experimental observations on the S–Nf behavior of cast al-
loys, it fails to address the presence of double or dual fatigue limits
and the transition from surface initiation to subsurface initiation in
some cast alloys. To account for these two observations, the stress
concentration effects by the pores and the corresponding stress
gradients must be considered in the fatigue crack growth analysis.
One particular analysis that is applicable to treat stress concentra-
tion of pores and pore-induced fatigue failure is the worst-cast
notch analysis [74], which treats the initiation and growth of a fa-
tigue crack under the influence of the stress field of a notch, by
assuming a pore in a cast alloy can be approximated as a micro-
notch. The ‘‘worst-case notch” concept is illustrated in Fig. 19
[74] where the nominally applied threshold stress for a notched
member is shown as a function of both the elastic stress concentra-
tion factor kt and crack size ‘a’. As can be seen in Fig. 19a, the
threshold stress, computed by dividing the endurance limit (Dre)
by kt, continually decreases with increasing kt (and notch severity).
However, worst-case notch theory predicts a limiting kt, termed kw,
above which further increases in kt no longer result in decreases in
the threshold stress due to the occurrence of crack arrest and non-
propagating cracks. These curves define boundaries separating
three distinct regimes where: (1) crack initiation will not occur;
(2) crack initiation will occur, followed by crack arrest; and (3)
crack initiation followed by crack growth will result in failure of
the notched member. These same regimes are shown as a function
of crack size in Fig. 19b, for a fixed notch depth and three different
notch root radii, q1, q2, q3. As indicated in Fig. 19b, the threshold
stress increases as the radius increases and there exists a limiting
radius, qw, above which crack arrest cannot occur. In general, the
notch severity will be a function of both notch depth, b, and notch
root radius, q, thus the failure boundaries in Fig. 19b will move
with varying notch depth. However, since this dependence can
be computed using fracture mechanics, the worst-case notch can
always be defined.

In general, the threshold stress is a function of the notch or pore
geometry, loading mode, and material variables as follows [74]

DSth ¼ DSthðkt½b;q�; a; a0; kÞ ð16Þ

where k is a parameter which depends on loading mode (e.g., ten-
sion versus bending) and a0 is the small crack parameter suggested
by El Haddad et al. [75]. Application of the worst-case notch ap-
proach to low-carbon steel is illustrated in Fig. 20, which is based
on calculations for the case of an edge notch in a low-carbon steel
containing a through-thickness crack (F = 1.12) under remote load-
ing at R = 0 [74] using fatigue properties given in [76]. In general,
these model calculations suggest the occurrence of three major pro-
cesses that govern the predicted value of DSth. First, when the initi-
ated cracks are vanishingly small, the value of DSth is governed by
‘‘crack initiation” and can be determined using the classical S–Nf

endurance approach. Here DSth is simply given by the endurance
limit divided by the elastic stress concentration factor, leading to
[74]

DSth ¼
Dre

kt
ð17Þ

Second, when the initiated cracks are very long, DSth is gov-
erned by the long-crack threshold, DKth, and according to classical
fracture mechanics theory is given as [74]

DSth ¼
DKthðRÞ

F
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
pðbþ aÞ

p ð18Þ

Under the above conditions, the crack length extends beyond the
notch field and DK can be estimated using an effective crack given
by the notch depth plus the physical crack depth (b + a) subjected to
the remote stress.

Between the above two limiting forms of threshold behavior, a
third type of threshold behavior can occur – the ‘‘worst-case notch”
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phenomenon. This phenomenon is characterized by the occurrence
of a local maximum in the DSth(a) curve, as indicated by the open
symbols in Fig. 20. This local maximum occurs at a crack depth
a* = (bao)1/2 and at a limiting threshold stress DS�th given by [74]

DS�th ¼
DKthðRÞ

F
ffiffiffiffi
p
p
ð
ffiffiffi
b
p
þ ffiffiffiffiffi

ao
p Þ

ð19Þ

For sharp notches, this local maximum is of particular significance
since it defines the conditions under which cracks will either arrest
ðDSth < DS�thÞ or continue to propagate to failure ðDSth > DS�thÞ. This
crack arrest/propagation behavior is the direct consequence of the
crack-size dependent threshold.

For crack initiation at a pore with a local radius, q, and stress
contraction factor, kt, the cycle to crack initiation is given by [29]

ktDS 1� r�

q

� �
� Dre

� �
Na

i ¼ f ð20Þ

where r* represents the distance ahead of the pore dominated by
crack initiation. The r*/q is about 0.4 at kt = 2 and decreases to about
0.04 at kt = 5. Eq. (20) indicates that S–Nf curves with dual fatigue
limits are feasible for cast alloys that contain pores with kt > k�t ,
but only a single fatigue limit would be observed in cast alloys that
contains pore with kt < k�t , as depicted in Fig. 20 for steels with
k�t � 3.

One important finding of the worst-case notch that is the exis-
tence of no-growth regime when the stress concentration factor, kt,
exceeds a critical value ðkt > k�t Þ and its absence of at kt < k�t . This
information has been utilized to construct a Kitagawa diagram for
materials containing pores with a sharp pore-tip ðkt > k�t Þ shown in
Fig. 21, using the analogy between pores and notches with equiv-
alent depth and radius of curvature. In Fig. 21, stress range, Dr, is
plotted again the crack length, which is the sum of the half-length,
ap, of the pore and the actual crack length, a, emanating from the
pore-tip. The fatigue limit dominated by crack initiation as shown
by the horizontal line at Dr = Dre/kt, where Dre is the fatigue limit
of the pore-free material. This corresponds to the horizontal fati-
gue limit in the traditional Kitagawa diagram. The slanted solid
line in Fig. 21 corresponds to the failure boundary dominated by
the large-crack FCG threshold, as in the traditional Kitagawa dia-
gram [62]. The stress concentration by a notch or pore creates a fa-
tigue failure regime that is dominated by non-propagation of small
cracks. This region is bounded by the horizontal solid line at
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Drs = Dre/k
�
t and Dr = Dre/kt. The transition points a1 and a2 are

analogous to ao and are given by

a1 ¼
1
p

k�t DKLC
th

FDre

 !2

ð21Þ

and

a2 ¼
1
p

ktDKLC
th

FDre

 !2

ð22Þ

with a2 > a1 since kt > k�t . Three initial pore size distributions are
also depicted in Fig. 21. For the pore size distribution labeled Type
A, ap < a1. In Type B, the mean ap is about a1 so that some pores are
larger than a1 and some are smaller than a1. In contrast, ap > a1 for
the pore distribution labeled Type C. Type A pore distribution would
lead to an S–Nf curve with double fatigue limits similar to those de-
picted in Fig. 1a. The short-life apparent fatigue limit is caused by
the arrest of small cracks within the pore-tip stress field. The
long-life fatigue limit is one that is dominated by crack initiation
and growth of small cracks to failure. On the other hand, Type B
pore distribution would lead to an S–N curve similar to the one de-
picted in Fig. 1b. In this case, the stress gradient ahead of the sharp
pore-tip with kt > k�t is sufficiently steep that the local DK at the
crack tip can fall below the growth threshold such that a fatigue
crack can become arrested after initiation. The non-propagating
microcracks can increase in size not by growth, but by coalescing
with adjacent microcracks when additional new microcracks are
nucleated. Thus, the apparent fatigue limit is the result of crack coa-
lescence by non-propagating or slow-propagating small cracks. For
Type C, the S–Nf curve would be entirely dominated by the growth
of large-cracks. Since the limiting stress range is controlled by DKth,
the resulting S–N curve would be without a fatigue limit. Thus,
three types of S–Nf curves with different shapes with no or multiple
fatigue limits are feasible in cast alloys with notch-like pores,
depending on the pore shape and the pore size distribution.
4. Crack initiation at inclusions or particles

Fatigue crack initiation at inclusion or hard particles is quite
common in steels [16,17,77–83], Al alloys and casting [67,71],
and Ni-based alloys [12,15,84–93]. For titanium alloys, fatigue
crack initiation at hard particles is rare, but fatigue crack initiation
at hard alpha was the cause of the failure of a Ti rotor [94]. In both
wrought and cast Al alloys, intermetallic particles are brittle, which
fracture under monotonic or cyclic loading, and can form a micro-
crack [67,71]. The particle crack can subsequently initiate a fatigue
crack in the matrix and propagate to failure.

The influence of inclusion size, spacing, and clustering on fati-
gue crack incubation in cast Al alloys has been investigated by
Fan et al. [72] and McDowell el al. [95] using an FEM-based micro-
mechanical approach. Using inclusions of several sizes, spacing val-
ues, and numbers, these investigators [72,95] computed the local
strain amplitudes in the inclusion-containing specimen subject to
various stress amplitudes. The local strain amplitudes were used
to estimate the cycles to crack incubation using either the Cof-
fin–Manson equation [30,31] or the Fatemi–Socie critical plane cri-
terion [73]. In general, larger inclusions concentrate higher plastic
strain and lead to a lower fatigue crack incubation life [72]. Simi-
larly, the local plastic strain increases with increasing numbers of
inclusion and leads to lower incubation life [72]. The maximum
plastic strain range is highest when the inclusion spacing is on
the order of the inclusion size. Local strain concentrations at
cracked and debonded inclusions have also been analyzed for mar-
tensitic gear steels via this local strain approach [96].
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In Ni-based disk alloys, fatigue crack initiation sites include
ceramic inclusions, pores, and planar slipbands. Gell and Leverant
[12] reported fatigue crack initiation at non-metallic inclusions
such as carbides and pores in directionally-solidified Mar-M200.
Stage I and Stage II initiation also occurs in wrought and cast Ni-
based superalloys. The controlling fatigue mechanisms vary with
temperature, frequency, environment, and slip morphology. Major
defects in PM Ni-based alloys include discrete chucky ceramic par-
ticles (Type I), ceramic agglomerates (Type II), reactive agglomer-
ates forming prior particle boundaries, and pores [85,86]. Hyzak
and Bernstein [84] reported fatigue crack initiation from pores,
inclusions, and crystallographic facets in two powder-metallurgy
Ni-based alloys. There was a tendency for surface initiation at high
strain ranges but interior initiation at lower strain ranges. Stage I
initiation is dominant at room temperature, while initiation at
pores and inclusion dominates at elevated temperatures. Similar
observations were reported for PM Ni-based alloys such Rene 88,
Rene 95, and advanced PM Ni-based alloys using seeded inclusions
[15,85–93]. These studies showed conclusively that the fatigue life
of PM Ni-based alloys is significantly affected by the inclusion size
distribution, the pore size distribution, and the grain size distribu-
tion. For a given defect size or area, the LCF life is lower for surface
initiation compared to interior initiation. Under certain conditions,
the fatigue life of PM alloys with non-metallic inclusions can be
dominated by fatigue crack growth to failure [15,92,93] and be en-
hanced by interior initiation at least partly due to slower FCG
kinetics in vacuum compared to air [12,90]. Extensive work at AFRL
has shown that in many Ni-based disk alloys, substantial fatigue
life variations occur in Ni-based disks alloys where fatigue cracks
initiated from non-metallic inclusions located at either the speci-
men surfaces or in the interior region [15,92,93]. Specimens that
were dominated by small-crack growth resulted in low fatigue
lives in the 104–105 range, while specimens that dominated by
crack initiation led to longer lives in the 107–108 range. The fatigue
life correlated with neither the inclusion size nor the location. The
large discrepancy in the fatigue life indicated substantial variations
in the crack initiation life, ranging from negligible to in the HCF
regime.

Ceramic or non-metallic inclusions that have different coeffi-
cients of thermal expansion than the matrix may induce residual
stresses in the matrix where they reside and in the inclusions
themselves during processing or subsequent heat-treatments
involving temperature changes. These residual stresses, known as
tessellated or textural stresses [97], are known to occur around
some inclusions such as alumina, TiN, and other oxide particles
in steels [97]. For both spherical and cylindrical particles, these
inclusions lead to compressive residual stresses in the inclusions
(circumferential direction), but tensile residual stresses (also in
the circumferential direction) in the ferrite matrix, as shown in
Fig. 22a [97]. For Ti or Ti-alloy matrix with a hard alpha particle
in the circumferential direction, the residual stresses are typically
compressive in the hard alpha particle but are tensile in the matrix,
as shown in Fig. 22b [98]. In contrast, little information is available
in the open literature on the textural stresses around inclusions in
Ni-based alloys.

Fatigue crack initiation at particles is more complex since it can
affect the f term in Eq. (12) when the particles crack or serve as the
crack initiation site. As shown in an earlier publication [35], the fa-
tigue life coefficient, f, for crack initiation at hard particles is given
by

f ¼ 8ðlþ l0Þ
kl0

� �1=2 Mlh2

dðhþ dÞ

" #
c
n

� �1=2

ð23Þ

where l0 is the shear modulus and f is the size of the particles. Fur-
thermore, the presence of particles in the microstructure can induce
residual stresses in the particles and the matrix during themome-
chanical processing with temperature variations and subsequent
heat treatments when there is a difference in the coefficients of
thermal expansion (CTE), as in the case for hard alpha particles in
a Ti-alloy matrix. Typically, the residual stresses in the hard parti-
cles are compressive, while the corresponding residual stresses
are tensile in the Ti-alloy matrix and in steels. While the presence
of hard particles may reduce the f term and promote crack initia-
tion, the compressive residual stresses induced by the difference
in the CTE may delay crack initiation, creating two opposite and
competing effects for crack initiation at the hard alpha particles.
The compressive residual stresses can lead to positive deviation
from the Goodman line, leading to non-linear ra–rm relation that
is best described in terms of the Gerber parabola [99]. When a ten-
sile residual stress, rrs, exists in the Ti-alloy matrix, Eq. (13) is appli-
cable to this situation as residual stress can be considered as one
form of microstructural constraint stress. Replacing rmc in Eq.
(13) with rrs leads one to [36]

ra ¼
f
2

N�a
f þMk

� �
1� rm

rUTS
� rrs

rUTS

� �
ð24Þ

which indicates that a tensile residual stress would assist crack ini-
tiation in the matrix in a manner similar to the microstructurally-
induced constraint stress induced by primary a grains. In particular,
a tensile residual stress in the matrix would alter the fatigue life
dependence on means stress from a linear relation to the bilinear
relations depicted in Fig. 23a. On this basis, the effects of soft grains
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and hard particles on high-cycle fatigue life can be similar. In both
cases, the local mean stress and the corresponding local stress ratio,
R, are increased at interior soft grains or at the matrices adjacent to
hard particles to lower the stress amplitude for a given fatigue life
such that the modified Goodman relation would over-predict the
fatigue strength. In Ti-alloys and steels, the hard particles examined
(e.g., TiN or TiNx) typically lead to compressive residual stresses in
the particles that delay particle fracture but tensile residual stresses
in the matrix that shift fatigue crack initiation at a higher mean
stress. Despite the increase in mean stress, the crack initiation life
can be increased by virtue of a higher Taylor factor and uniformity
of slip in the interior grains.

According to Eqs. (21) and (22), a longer fatigue life can be ex-
pected by virtue of increased M and f values when slip becomes
more uniform in the interior region. The f parameter is increased
when the shear modulus is higher and the size of the inclusion is
smaller than the counterpart of the matrix. The fatigue limit can
be reduced in the UHCF region by the tensile residual stresses in
the matrix. Alternately, the fatigue limit can be reduced in the
UHCF regime when the inclusion size exceeds that pile-up length
or grain size in the interior region. The changes in the microstruc-
tural parameter would cause a shift of the S–Nf to the longer life
and lower the fatigue limit, as depicted in Fig. 23b.

In gigacycle fatigue of steels, fatigue crack initiation sites are
inclusions in the interior region, which failure surfaces often give
the appearance of a fish-eye [16,17,77–79]. Fig. 24 illustrates the
fracture surface with a fish-eye [79]. The crack starts from an inclu-
sion embedded in an optically dark region, which is divided into an
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Fig. 23. Schematics show the effect of a CTE-induced tensile residual stress in the
matrix adjacent to an inclusion on the fatigue life: (a) effect on ra–rm plot and (b)
effect of S–Nf curve.
inner facet region and an outer rough region. The S–Nf curves of a
bearing steel are presented in Fig. 25 [77,79]. Like many other
steels [80–83], this bearing steel exhibited surface-initiated and
interior-initiated fatigue fracture. The origins of surface cracks
were inclusions and slipband facets. For internal fatigue, the crack
originated from a non-metallic inclusion at the center of the fish-
eye. The transition from surface to internal fatigue resulted in a
shift of the S–Nf curves to longer fatigue cycles. This transition
can be understood on the basis of textural stresses near the inclu-
sions, which are compressive in the inclusions and tensile in the
matrix for most types of inclusions in steels. Instead of crack initi-
ation, the observed shift of S–Nf curve in steels has been explained
also by Tanaka and Akiniwa [79] on the basis of a fatigue crack
growth theory and hydrogen embrittlement in the interior region.

The Kitagawa diagram for materials containing inclusions with
tensile residual stresses in the adjacent matrix is shown schemat-
ically in Fig. 26, which plots the stress range against the crack
length. As shown in the insert, the crack length is the sum of the
half-length, ap, of the inclusion and the actual crack length, a, ema-
nating from the inclusion. The fatigue limit dominated by crack ini-
Fig. 25. S–Nf curves of a bearing steel with electropolished, ground and peened
surfaces. From Tanaka and Akiniwa [79].



Crack Length (ap + a), Log Scale

S
tr

es
s 

R
an

g
e 

, L
o

g
 S

ca
le

Without σrs

No Crack Initiation

Crack Growth

a0

Type C

With σrs

Increasing Tensile σrs

Type A Type B

2ap
a a

Fig. 26. Kitagawa diagram for materials containing inclusions that induce residual
tensile stresses in the matrix. The schematic depicts a crack initiation-free region
and a crack growth region as in a traditional Kitagwa diagram. The limiting stresses
of these two failure boundaries are both decreased by increasing residual tensile
stresses. Three different particle distributions are superimposed to illustrate the
role of inclusion size on the shape of the S–Nf curve. Type A inclusions lead to an S–
Nf curve with double fatigue limits. Type B inclusions lead to an S–Nf curve with a
fatigue limit, and Type C inclusions result in no fatigue limit in the S–Nf curve.

Fig. 27. Comparison of S–Nf curves of PM Ni-alloy (N18) with and with seeded
inclusions at various R ratios. Fatigue crack initiated at pores in unseeded
specimens but at inclusions in seeded specimens. From Bathias and Paris [90].

Fig. 28. The role of crack growth in the lifetimes of inclusion-initiated and
slipband-initiated fatigue fracture in Rene 88 DT. From Caton et al. [15].
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tiation is shown by the horizontal line at Dre and the slanted solid
line in Fig. 26 corresponds to the failure boundary dominated by
the large-crack FCG threshold, as in the traditional Kitagawa dia-
gram [62]. The higher limiting stresses correspond to those for sur-
face initiation. For interior initiation at an inclusion, both limiting
stresses are decreased due to the presence of CTE-induced tensile
residual stresses in the matrix, as shown in Fig. 23b. To explain
the various shapes of the S–Nf curve, three inclusion size distribu-
tions are also depicted in Fig. 26, with the arrow indicating
decreasing stresses at constant a constant length. For the inclusion
size distribution labeled Type A, ap < a0. Type A inclusion size dis-
tribution would lead to an S–Nf curve with double fatigue limits
similar to those depicted in Fig. 1a, when surface initiation is re-
placed by interior initiation in the UHCF regime. The short-life
apparent fatigue limit is the result of crack initiation and the
growth of small cracks from an inclusion at an interior site. The
long-life fatigue limit is one that is dominated by crack initiation
and growth of small cracks to failure. In Type B, the mean ap is
about a0 so that some inclusions are larger than a0 and some are
smaller. Type B inclusion size distribution would lead to an S–Nf

curve similar to the one depicted in Fig. 1b, which is dominated
mostly by crack initiation and the growth of small cracks. In con-
trast, ap > a0 for the inclusion size distribution labeled Type C. For
Type C, the S–N curve would be entirely dominated by the growth
of large-cracks. Since the limiting stress range is controlled by the
large-crack DKth, the resulting S–N curve would be without a fati-
gue limit. Thus, three types of S–Nf curves with different shapes
with no or multiple fatigue limits are feasible in PM alloys, depend-
ing on the inclusion size distribution, a0, and the residual tensile
stresses in the matrix.

For a Ni-based PM disk alloy (N18), Bathias and Paris [90] re-
ported the occurrence of competing mechanisms of crack initiation
at pores and inclusions in unseeded (standard) and seeded, pol-
ished specimens. These S–Nf data are presented in compared in
Fig. 27, which shows the failure stress decreases gradually with
increasing fatigue cycles without an obvious endurance limit. In
the UHCF regime, fatigue crack initiation starts in the interior re-
gion from a defect. The initiation site is mainly a pore for the un-
seeded (standard) material, but a ceramic (alumina) inclusion for
the seeded material. For both cases, the fatigue life of N18 in the
UHCF is dictated by the formation of persistent slipbands and crack
initiation from the defect, and not by the growth of small cracks.
Other fatigue studies of PM Ni-based superalloys appear to re-
port inclusion effects on crack initiation and fatigue life that are
different from those observed by Bathias and Paris on N18 [90].
A number of studies [15,90,93] reported that hard particles formed
cracks early and the fatigue life of these PM alloys were dominated
by the growth of small cracks to become large-cracks and failed
when a critical crack length was reached [15]. These observations
were made at stress amplitudes that led to fatigue life in the 107

and 108 cycle range in specimens dominated by crack initiation
at slipbands or crystallographic facets, as shown in Fig. 28. The
consequence is a large variation in fatigue life, which is separated
into a short life distribution and a longer life distribution. The for-
mer is dominated by fatigue crack growth, while the latter is dom-
inated by fatigue crack initiation. The apparent lack of crack
initiation in hard particles associated the short life distribution
may be rationalized on the basis that these hard particles might
contain preexisting cracks or tensile residual stresses that cause
easy crack formation in the particles. The corresponding compres-
sive stresses in the matrix may be sufficiently low that fatigue
crack growth is not impeded. Under this circumstance, a fatigue
crack can initiate at a negligible crack initiation life and propagate
to failure at a relative short total life. Obviously, this is only one of
the many possible scenarios for easy crack initiation in PM alloys
with multiple types and size of hard particles and potential crack
initiation sites. Like crack initiation at pores, crack initiation and
growth at inclusions appears to lead to very different S–Nf curves,
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depending on inclusion type, size, and distribution, as well as the
sense of textural stresses, if any, resulted from CTE interactions be-
tween the matrix and the inclusions. Many aspects of the fatigue
process at inclusions are not well understood and more research
is required to develop a better understanding and more accurate
life-prediction methods.

Besides crack initiation at hard particles, there have also been
substantial amounts of efforts devoted to developing accurate con-
stitutive models based on crystal plasticity theories for Ni-based
superalloys [100–102]. These models address the effects of grain
size [100,101] as well as the primary, secondary, and tertiary c0

precipitates [101–103] on the cyclic stress–strain response by con-
sidering their respective particle size distributions. The constitu-
tive models are then utilized to compute a number of fatigue
index parameters (FIPs) for a representative volume element
(RVE) of the microstructure of interest [103]. These FIPs, which
are intended to represent the driving force for crack incubation
in the RVE, are defined in terms of the cumulative plastic strain
[100], the Fatemi–Socie critical plane parameter [73], or the cyclic
plastic shear strain amplitude [103]. Manonukul and Dunne [100]
showed that the a polycrystal plasticity FEM model combined with
a fatigue crack initiation criterion based on a critical cumulative
shear strain correctly predicts the standard Goodman correlation
[37] in HCF, and the Coffin–Manson correlation [30,31] in LCF.
5. Crack initiation at machined surfaces

Crack initiation from the machined surfaces of a bore hole has
been identified as the origin of the fatigue crack that propagated
during service and caused of the failure of a Ti hub in a commercial
aircraft [104]. The fatigue crack originated from a re-crystallized a
grain situated on the machined surface. Fatigue cracks initiated at
the machined surfaces and their subsequent propagation to failure
was also identified as the cause of the fatigue fracture of a struc-
tural component in a military aircraft [105]. For fatigue cracks ini-
tiated from machined surfaces, the initiation life is often, rightly or
wrongly, considered small and the fatigue life is expected to be
controlled by the crack growth life. In an earlier study, Taylor
and Clancy [11] showed that for some machined surfaces, fatigue
life is dominated by crack initiation and small-crack growth, as
shown in Fig. 29, which presents a Kitagawa plot for several ma-
chined surfaces with varying degrees of surface roughness. Most,
if not all, of the data points lie on or near the horizontal fatigue lim-
Normalized Crack Length
0.01 0.1 1 10

N
or

m
al

iz
ed

 
Th

re
sh

ol
d 

St
re

ss
 R

an
ge

0.1

1

Machined Surfaces

Short Crack Data

High Strength Steels

El Haddad

Fig. 29. Normalized Kitagawa diagram with fatigue data from machined surface
with various surface roughness (polished, ground, or milled) compared to short
crack data in high strength steels. The fatigue life of the machined surfaces is
controlled by crack initiation and the growth of small cracks, but not large-cracks.
From Taylor and Clancy [11].
it, indicating dominance by crack initiation and probably small-
crack growth. Along the same vein, several investigators treated fa-
tigue crack initiation from machined surfaces by approximating
the surface trough as a micro-notch with a characteristic width,
depth, and root radius, accompanied by an elastic stress concentra-
tion factor and a notch sensitivity factor [106–109]. Thus, fatigue of
machined surfaces has been treated in terms of conventional notch
fatigue strength analysis by expressing the kt factor as a function of
the roughness of the machine surfaces [106]. Moreover, it is not
uncommon for machined surfaces of engineering components to
be peened to induce compressive surface stresses for the purpose
of delaying fatigue crack initiation, fatigue crack growth, or both.
Machined bore holes in aero-engines are shot-peened [110] but
more advanced techniques such as laser-shock peening or low-
plasticity burnishing have been developed [111,112]. Currently,
there are no fatigue life data of machined surfaces in the gigacycle
fatigue regime. Thus, it remains unknown whether or not a transi-
tion from surface initiation to interior initiation would occur in
components with machined surfaces.

Fatigued surfaces are often rough due to the presence of slip
extrusions formed on metal surfaces subjected to cyclic loading
[3–8]. The roughened surfaces [3,6] can lead to fatigue crack initi-
ation, including machined surfaces [11,113]. For structural compo-
nents, the machined surfaces may be sufficiently rough to obscure
the detection of surface roughness due to persistent slipbands or
extrusions. Buckner et al. [114] recently obtained surface rough-
ness measurements on machined surfaces of Waspaloy with and
without fatigue. Significant differences were observed in the bidi-
rectional reflectance distribution (BRDF) signal levels of the pris-
tine and fatigued machined surfaces. The challenge is how to
relate the BRDF signals, which is a measure of surface roughness,
to the onset of fatigue crack initiation.

According to Chan et al. [29], the cumulative roughness, Ra, of a
surface grain can be taken as the cyclic displacements accumulated
on the grain surface over the fatigue cycles and it is given by

Ra ¼
C1M
Dep

h
w

� �
Dd ð25Þ

where Dd is the cycle slip displacement; Dep is the cyclic plastic
strain range; h is the slipband width and w is the slipband spacing;
C1 is a constant. During cyclic loading, the h/w ratio increases with
increasing fatigue cycles and Ra is increases with increasing fatigue
cycles. The ratio of the slipband-width-to-spacing increases with
increasing fatigue cycles at a diminishing rate and the ratio appears
to saturate to about �0.5–1 at fatigue cycles greater than 104 cycles,
and fatigue crack initiation occurs when the slipband-width-to-
spacing ratio increases to a value of �0.5–1 for Ni200. Thus, the evo-
lution of roughness of a fatigued surface may potentially be used as
a damage precursor or indicator to prognosticate fatigue crack ini-
tiation from a surface, as demonstrated by Buckner et al. [114] on
machined surfaces of Waspaloy, as shown in Fig. 30. A region of
high surface roughness may indicate a region where cyclic deforma-
tion and slipband formations are prevalent. With continued cyclic
deformation, slip can concentrate further and become localized into
a fatigue crack when the slipband-width-to-spacing ratio ap-
proaches about 0.5–1. In a recent study, Brinckmann and Van der
Giessen [115] presented computational results that simulated the
evolution of slip steps on a fatigue surface using dislocation dynam-
ics and a cohesive zone approach. The computation was carried for
cyclic tension and compression of a single plastically deformed
grain at a free surface surrounded by elastic grains. A normalized
separation parameter defined based on the cycle-to-cycle maxi-
mum cohesive opening was computed and used as a measure of
surface roughness during cyclic deformation [115]. The computa-
tional results indicated that the value of the normalized separation
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parameter increases slowly with increasing fatigue cycle, but the
growth rate increases rapidly at larger fatigue cycles. The shape of
the predicted surface roughness versus fatigue cycle curve is quali-
tatively similar to that of the line-integrated BRDF data shown in
Fig. 30. Taken together, both the experimental and numerical re-
sults in the literature support the notion that a region with a high
surface roughness may indicate a likely site for fatigue crack initia-
tion. It should also be noted that whether or not fatigue-induced
surface roughness can be detected obviously depends on the initial
roughness of the surface conditions. In particular, fatigue-induced
surface roughness must exceed the initial surface roughness in or-
der for surface roughness to be a viable fatigue prognostic indicator.
Recent work by Buckner et al. [114] indicated that fatigue-induced
surface roughness could be ascertained even from machined sur-
faces because of significant differences between the BRDF response
of the fatigued and unfatigued machined surfaces.

On the other hand, a transition from surface initiation to inte-
rior initiation is likely to make fatigue crack detection a more dif-
ficult task as many surface detection techniques are rendered
inappropriate and ineffective. Bathias and Paris [90] recently
pointed out that it seems difficult to apply a damage tolerance ap-
proach to predict the fatigue life of a structural component such as
PM Ni-alloy disk when interior initiation dominates in the gigacy-
cle fatigue regime because of the difficulties in detecting internal
crack initiation and growth using traditional NDE techniques.
6. Prospects and challenges for future development

This review identified more than four fatigue crack initiation
mechanisms that may occur concurrently and compete for domi-
nance in a given microstructure. Considerable progress has made
to characterize the microstructural features that promote crack
nucleation and fatigue life variability. There is, however, a lack of
knowledge on the attributes, microstructural or otherwise, that re-
sult in the formation of the worse-case crack, one that produces the
lowest total fatigue life. Since many microstructural parameters af-
fect the crack nucleation process, the worse-case crack may not be
dominated by one or two microstructural parameters in a long list
of variables such as grain size, texture, slip planarity, pores, and
among other, inclusions, but is related to interactions of most, if
not all, of these microstructural variables in a manner that may
or may not be obvious.

Identifying the relevant microstructural variables which interac-
tions contribute to the worst-case crack is a challenge, but could be
accomplished through systematic experimentation and analyzing
the results through multivariate analyses. While the interaction ef-
fects of a group of variables can be discerned using a multivariate
analysis, the author prefers and advocates the use of in situ fatigue
experimentation to observe directly the controlling fatigue mecha-
nisms as pioneered by Davidson and Lankford [116]. By coupling
the in situ observations with micromechanical models containing
explicit microstructural variables as illustrated in this review paper,
the microstructural attributes of the worse-case fatigue crack in a gi-
ven microstructure may be identified unambiguously in many,
though not all, situations. Substantial 3D measurements have been
obtained for a number of fatigued materials. This valuable informa-
tion may be utilized by 3D microstructural models for advancing the
current understanding of the interaction effects of microstructural
variables and for quantitative predictions of fatigue life variability.
Future work is required to combine 3D microstructural data with
appropriate modeling to make realistic and quantitative life-predic-
tion for extension of component lives.

One of the unresolved issues identified in this review is the role
of fatigue crack growth in ultra-high-cycle fatigue that produces
fish-eye fracture appearance. One view is that it is dominated by
crack growth, while others believe that it is controlled by crack
nucleation. Since crack nucleation and growth occurs internally,
detecting the onset of crack nucleation and the subsequent growth
of the small cracks is a challenge and requires the development of
new techniques for measuring internal cracks at small crack sizes.
Another challenge is an accurate determination of any processing-
related residual stresses at the crack nucleation site and the evolu-
tion of these residual stresses with fatigue cycles.

Another area where future development is needed is a better
understanding of the evolution of surface roughness and the criti-
cal conditions that lead to the onset of crack formation. New char-
acterization and modeling techniques have improved the current
understanding of the origins of surface roughness and its relation-
ship with fatigue damage and crack nucleation, but further devel-
opments are still needed to establish direct relationships between
optical reflectance measurements, surface roughness, and fatigue
crack nucleation. These new developments are needed to provide
the scientific basis to advance Laser-based optical reflectance tech-
nology into a practical prognostic tool for assessing the state of fa-
tigue damage and for predicting the remaining life of structural
components.
7. Concluding remarks

This overview summarizes the current understanding of the
roles of microstructure in fatigue crack initiation in pure metals
and structural alloys. Microstructural parameters that influence fa-
tigue crack initiation at slipbands, grain boundaries, pores, inclu-
sions, and machined surfaces are identified and utilized to
explain the transition from surface initiation to interior initiation,
the formation of multiple fatigue limits in some alloys and their
absence in other materials. The conclusions reached as the result
of this review are as follows:

1. Microstructure can produce internal textural stresses that can
alter the stress–life relations in multiphase alloys by producing
double fatigue limits. These textural stresses include micro-
structure-induced plastic constraint stresses resulting for plas-
tic interactions among soft and hard grain in the
microstructure or CTE-induced thermal stresses resulting from
thermo-mechanical interactions between matrix grains and
non-metallic inclusions.

2. For materials exhibiting double fatigue limits in the S–Nf curve,
the higher stress limit is controlled by the growth of small
cracks and the lower stress limit is controlled by crack
initiation.
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3. Fatigue crack initiation at defects such as pores, inclusions, and
machined marks can lead to S–Nf curves with no, one, or double
fatigue limits, depending on the defect (pore, inclusion, or
machine mark) size distribution.

4. A Kitagawa diagram is a useful tool for distinguishing changes
in the controlling fatigue mechanism by crack initiation, crack
coalescence, small-crack growth, and large-crack growth.

5. Coalescence of non-propagating microcracks to form a larger
crack by continuous crack nucleation appears to be the predom-
inant fatigue mechanism responsible for the occurrence of an
apparent fatigue limit in a double-stage S–Nf curve.

6. Competition between initiation-controlled and growth-con-
trolled fatigue mechanisms results in large variations in fatigue
life.

7. Understanding of fatigue initiation and growth at internal sites
is far from complete and methodology for predicting its occur-
rence is still in its infancy.
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