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ABSTRACT: Intercrystalline molec-
ular connections in semicrystalline
polymers have been the subject of
numerous discussions and contro-
versies. Nevertheless, there is one
point of agreement: such intercrys-
talline tie molecules have a prime
role in the mechanical and use
properties of the materials, notably
the resistance to slow crack growth.
This article is a critical review of
the mechanisms of generation of

the tie molecules during the stage
of crystallization and of the experi-
mental and theoretical assessment
of their concentration. Polyethylene
and related materials are mainly
studied. The contribution of chain
entanglements is also discussed in
parallel with tie molecules. Particu-
lar attention is paid to Huang and
Brown’s statistical approach, which
appears to be the most appropriate
one for predictive purposes and has

aroused much interest from various
authors. Attempts are made to pro-
vide solutions to the shortcomings
of this model. VVC 2005 Wiley Periodi-

cals, Inc. J Polym Sci Part B: Polym
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INTRODUCTION

It is largely agreed that the mechanical properties
of semicrystalline polymers are mainly governed
by the presence of molecular connections between
the crystallites, namely, chain entanglements and
tie molecules (TMs). If those molecular connec-
tions composed of covalent bonds did not exist, the
crystallites would be held together just by weak
van der Waals or hydrogen interactions, and they
would slip easily past one another or split away
from one another under stress; this would result
in macroscopic brittleness of the material. This is
the typical behavior of mats of single crystals
grown from dilute solutions, which display very
poor mechanical properties because of a peculiar
chain-folded topology devoid of intercrystalline
molecular connections.

Besides their determining influence on the con-
ventional short-term properties, such as the stiff-
ness and strength, TMs have been recognized to
have a tremendous influence on the long-term
properties of semicrystalline polymers. Polyethy-
lene (PE)-based materials are particularly sensi-
tive to the phenomenon of slow crack growth,
which leads to brittle failure at stress levels far
below the yield point.1 A number of authors have
claimed that this phenomenon is evidence that the
load applied onto semicrystalline materials is dis-
tributed over a small number of intercrystalline
molecular connections that gradually lose their
mechanical efficiency because of either chain scis-
sion, as evidenced by the generation of chain radi-
cals, or chain disentanglement via cooperative dif-
fusion through the crystalline component.

Direct experimental evidence of TMs by trans-
mission electron microscopy has never been
obtained because of the problem of imaging chemi-

cal species made of light atoms, such as carbon and
hydrogen, although this technique is particularly
well suited for studying objects with a typical size
of just a few nanometers. However, several indirect
pieces of evidence have been reported. The first con-
vincing one is from Keith et al.,2–5 who reported
transmission electron micrographs of replicas of PE
crystals showing fibrillar bridges between the indi-
vidual crystals for samples crystallized from con-
centrated solutions in paraffin. Several tens of
nanometers wide and hundreds of nanometers
long, these fibrils consisted of crystalline bundles of
TMs that developed at a solution concentration
greater than a critical value. The critical concentra-
tion is the threshold for the overlapping and inter-
twining of the chain coils in the solution before
crystallization. More recent studies of the crazing
of semicrystalline polymers, by means of scanning
electron microscopy and transmission electron
microscopy with microtomic sample slices or thin-
film surfaces,6–12 have also demonstrated that
molecular connections necessarily exist between
the crystalline lamellae to enable their transforma-
tion into fibrils, on the scale of a few hundreds of
nanometers, at the tip of a propagating crack.

Because of the tremendous importance as-
cribed to the intercrystalline molecular connec-
tions on the use properties of semicrystalline
polymers, numerous experimental investigations
have been carried out to elucidate the mecha-
nism of their occurrence and to assess their con-
centration, with the aim of optimizing the bene-
fit from their mechanical contribution. In the
peculiar case of PE, intensive research has been
focused for the last 20 years on understanding
the role of the molecular architecture in the con-
centration of TMs, both in industry and in aca-
demia; the aspects of molecular architecture
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that have been specifically addressed are the
molar weight distribution and the counit content
and distribution. Theoretical approaches have
also been attempted to both assess the TM con-
centration and predict the mechanical and use
properties of the materials with respect to the
molecular parameters.

The purpose of this article is to make a crit-
ical survey of these studies and propose some
improvements of the deficiencies or shortcom-
ings of the various approaches.

ORIGIN OF THE INTERCRYSTALLINE
MOLECULAR CONNECTIONS

There are two reasons for the presence of inter-
crystalline molecular connections in melt-crys-

tallized semicrystalline polymers. The first is
the existence of a critical molar weight above
which chains becomes intertwined into a macro-
molecular network.13 In the melt, the latter con-
sists of transient entanglements that are essen-
tially preserved throughout the crystallization
process. In the solid state, these entanglements
constitute topological defects that are excluded
from the crystalline phase and thus build up
molecular connections between the crystallites if
the two intervening chains belong to two adja-
cent crystallites. The second reason is the scal-
ing relationship between the random coil dimen-
sion in the molten material and the crystallite
thickness in the solidified material.14 On the
one hand, under quiescent conditions, polymers
crystallize from the melt in the form of chain-

Figure 1. Schematic molecular topology of semicrystalline polymers before and
after crystallization: (a) HDPE and (b) LLDPE.
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folded lamellae whose thickness does not exceed
a few tens of nanometers: typical values range
from about 20 nm for highly crystalline flexible-
chain polymers such as PE, isotactic polypropy-
lene (PP), and poly(oxymethylene) (POM) to
about 4 nm for low-crystallinity ethylene/a-olefin
copolymers or rigid-chain polymers such as poly-
amide-6 (PA6) and poly(ethylene terephthalate).
On the other hand, the size of a polymer chain
in a random coil conformation in the melt obeys
a scaling law of the following form:

Rg ¼ aM1=2 ð1Þ

where Rg is the radius of gyration of the coil
and M is the molar weight of the chain. For
PE and related high-density copolymers, a is
approximately 1.26 if Rg is given in nanometers
and M is given in kilodaltons.15 Figure 1
depicts the case of a PE chain for which M is
500 kDa and Rg in the melt is approximately
30 nm. Figure 1 also displays the chain confor-
mation in the solid state for both high-density
polyethylene (HDPE) and linear low-density
polyethylene (LLDPE) materials with average
crystal thicknesses of about 15 and 5 nm,
respectively. The figure shows that several crys-
talline lamellae can grow within the sphere of
gyration of a chain as long as the chain molar
weight is sufficiently high. This is the main
process of building intercrystalline TMs, which
cross the amorphous layer and provide mechan-
ical bridging of the adjacent crystalline lamel-
lae. This picture conforms to Fisher’s solidifica-
tion model14 reported in Figure 2.

For the sake of further discussion, chain
entanglements are also shown in Figure 1. Such
topological features, which prevail in the melt
because of chain overlap, are preserved in the

solid state and rejected in the amorphous layers
at the issue of the crystallization of the material.

Although Fischer’s picture of chain topology
is very useful for understanding the mechanical
behavior of semicrystalline polymers, the actual
situation may be different, depending on the
crystallization conditions. This point is discussed
more explicitly in the next section.

It is well known that increasing the molar
weight increases the probability of generating
TMs and chain entanglements, as evidenced by
the reduced drawability and the increase in both
the strain hardening and tensile strength.16–20

However, because of the concomitant drastic
increase in the viscosity, technological applica-
tions are limited to materials with weight-aver-
age molar weights not exceeding a few hundreds
of kilodaltons, regardless of the nature of the
polymer under consideration.

In the case of polyolefins, copolymerization is
known to be another means for increasing the
TM concentration. Indeed, counits with bulky
side groups are excluded from the crystal; this
process disturbs the natural propensity of flexi-
ble-chain polymers to crystallize with regular
chain folding. This results in an increase in ran-
dom chain folding accompanied by a high rate of
TMs.21,22 The result is a significant improve-
ment in the resistance to low-temperature
impact,23 to creep,24 to slow crack growth,25–27

and to tear and puncture.28 However, copolymer-
ization involves a reduction of the crystallinity
index and a concomitant drop in the stiffness
and yield stress.21

In recent years, PE developments have been
oriented toward the synthesis of bimodal copoly-
mers with preferred incorporation of the counits
into the longer chains. The result has been an
improvement in the long-term behavior, in com-

Figure 2. Fischer’s solidification model for semicrystalline polymers. (From E. W.
Fischer, Pure Appl Chem, 1978, 50, 1319, '1978 International Union for Pure and
Applied Chemistry, reproduced by permission.)

1732 J. POLYM. SCI. PART B: POLYM. PHYS.: VOL. 43 (2005)



parison with conventional unimodal copolymers
of similar stiffness.29–33 This successful outcome
can be attributed to an increase in the TM con-
centration at an equivalent crystallinity.

EXPERIMENTAL ASSESSMENT OF TMs
AND ENTANGLEMENTS

The notions of TMs and chain entanglements
are not always clear in the literature, and a
number of studies do not make a distinction.
The reason may be that the approach is not
selective or that the authors confuse the two
kinds of intercrystalline molecular connections.

Oriented Materials and Fibers

The question of quantifying the TM density in
semicrystalline polymers was first tackled for
drawn fibers with the aim of understanding
the mechanism for improving the fiber strength
and then optimizing the spinning and drawing
process. Authors such as Peterlin34,35 and
Zurkov and Kuksenko36 have studied the rup-
ture of semicrystalline polymer fibers under
static loading in the framework of thermally
activated processes. The following equation is
an example of this kind of approach and gives
the lifetime to rupture (sb) of a chain sustain-
ing a stress (r):

sb ¼ s0 exp½ðU � rlÞ=kT� ð2Þ

where U is the activation energy of the proc-
ess, l is the stress sensitivity coefficient and
has the dimensions of a volume, 1/s0 is the fre-

quency of the thermal vibration of the atoms, k
is the Boltzmann constant, and T is the abso-
lute temperature. The similarity between the
activation energy for fiber rupture and that for
the breaking of a covalent C��C bond (e.g., 40–
70 kcal/mol for PA6 and HDPE) has been
taken as evidence that fiber rupture is gov-
erned by the scission of chains that bridge the
microfibrils constituting the basic structural
element of drawn fibers. The fraction of broken
chains (n/n0) can be computed as a function of
time (s) as follows:

n=n0 ¼ expð�s=sbÞ ð3Þ

However, n/n0 computed with this theoretical
approach is extremely low. The conclusion is
that the damage before fiber rupture occurs in
local defective regions of the fibrillar structure.
Finally, this theoretical approach does not pro-
vide an estimation of the overall TM density,
which is often considered the major parameter
of polymer strength.

Peterlin37,38 reported extensively on the
improvement of stiffness of PE fibers upon draw-
ing. His so-called fibrillar transition model is
based on a mechanism of fragmentation of the
original crystalline lamellae into crystal blocks,
accompanied by an unfolding of the chains from
the crystal blocks that become TMs. Assuming
that stiffness results from the stretching of the
TMs uniformly distributed through the fiber
cross section, this author proposed several
Takayanagi-like models based on series and par-
allel mechanical associations of the crystal
phase, the amorphous regions, and the TMs.
One of these models, shown in Figure 3, consists
of a parallel mechanical coupling of soft and stiff
components: the soft component (the right side
of the model) consists of a series coupling of the
crystal blocks connected with the isotropic amor-
phous chains, and the stiff one (the left side of
the model) consists of a series coupling of the
crystal blocks connected with taut TMs. Young’s
modulus of the fibers (E) obeys the following
equation:

E¼Ecfbþ½ð1�bÞ2Ea=Ec�=½1� aþða�bÞEa=EcÞ�g
ð4Þ

where b is the volume fraction of taut TMs in
the amorphous layers; a is the volume crystal
index; and Ea and Ec are the moduli of the

Figure 3. Peterlin’s model38 for E of semicrystalline
polymer fibers: (a) phase association and (b) mechani-
cal coupling (see the text for details).
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isotropic amorphous phase and the crystal-
line phase parallel to the chain stems, respec-
tively. The modulus of the taut TMs is assumed
to be close to that of the crystalline phase. Ishi-
kawa et al.39 notably used a similar model to
probe the relationship of the tacticity and molar
weight with the TM concentration of drawn PP.

Vibrational spectroscopy has been used to
investigate the orientation–property relationship
of various kinds of PE films. Infrared has turned
out to be useful for addressing comparatively the
TM concentrations in PE drawn films because of
the assumption that TMs contain oriented
sequences of trans conformations, in contrast to
any other chain segment in the amorphous phase,
which contains a high rate of gauche conforma-
tions.40–43 The problem of this elegant method is
the rather low sensitivity for the conformational
species under consideration. Raman spectroscopy
also has proved to be an efficient means for prob-
ing the mechanically active chains that bear the
main part of the load in a strained fiber, notably
for oriented HDPE.44–47 This technique gives
valuable information on the stress distribution in
the oriented materials and the stress level on the
TMs. However, no quantitative data for the TM
concentration have been reported.

Tarin and Thomas48 considered the plastic
drawing of a semicrystalline polymer with re-
spect to the mechanism of chain unfolding after
the lamellar fragmentation into blocks. These
authors derived the following relation for the
natural draw ratio (kn):

kn ¼ Vufkuf þ ð1� Vuf Þkrot ð5Þ

where Vuf is the volume fraction of unfolded
crystals and kuf is the draw ratio associated with
chain unfolding. The draw ratio associated with
the rotation of the crystal blocks (krot) is
assumed to be unity. Vuf is a key factor because
of its direct connection with the TM surface den-
sity (q). Besides, the latter is assumed to depend
on the crystal growth rate (G) via q ¼ q0G,
where q0 is a proportionality constant. Finally,
kn is given as follows:

kn ¼ 1þ ðs=d� 1Þ½m0=ðm0 þ
ffiffiffiffiffiffiffiffiffiffiffi
q0Gs

p
Þ�2 ð6Þ

where m0 is a proportionality constant. The abil-
ity of this rather simple approach to account for
the influence of crystallization kinetics on the
occurrence of intercrystalline molecular links is

one of its most attractive features. Unfortu-
nately, no further attempt has been made to
improve the model and try to compute TM den-
sity data from kn measurements.

Hubert et al.49 recently reported that kn is a
parameter quite sensitive to the molecular ar-
chitecture of HDPE for pipe applications and
fairly well correlated with the long-term me-
chanical behavior of these materials. Because of
the simple experimental access to kn and the
rather good accuracy of the measurements, this
approach deserves more attention.

Isotropic Materials

Some approaches have been put forward for iso-
tropic semicrystalline polymers. Brown and
Ward50 proposed to determine the TM density
from the brittle strength at a low temperature;
they assumed that rupture occurs in the me-
chanically weaker amorphous layers. The sur-
face fraction of TMs (fT) in the cross section of
an intercrystalline amorphous layer is given by
the following relation:

fT ¼ ðCrF � bEisoÞ=½bðET � EisoÞ� ð7Þ

where rF is the brittle failure stress, Eiso is
Young’s modulus of the van der Waals inter-
molecular interactions, ET is the TM modulus,
C is a stress concentration factor, and b is a
proportionality constant. Because of the as-
sumptions regarding the C and b parameters,
the model is only worthwhile for comparison.
It has been applied to HDPE,50,51 LLDPE,23

and POM52 for probing the influence of either
the cooling rate or the degree of undercooling
in the case of isothermal crystallization. The

Table 1. fT Values for HDPE from Low-Temperature
Fracture Experiments according to Eq 6a

Parameters
of Eq 6 fT

b

b C
SC

(rF ¼ 0.101 GPa)
Q

(rF ¼ 0.152 MPa)

0.1 20 0.041 0.075
0.1 50 0.140 0.230
0.2 20 0.007 0.024
0.2 50 0.058 0.100

a The data were taken from ref. 50.
b SC ¼ slowly cooled sample; Q ¼ quenched sample.
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data lie in the range of 1–25%, depending on
the materials and the crystallization condi-
tions. An example is shown in Table 1 for
HDPE:50 regardless of the choice of the adjust-
able parameters a and b, changing the cooling
rate from slow cooling to quenching increases
the TM concentration in HDPE. This finding
could be taken as evidence that long-range
molecular rearrangements occur during the
crystallization of HDPE; in that case, Fischer’s
solidification model would be irrelevant for
HDPE and for POM as well.

By analogy with a treatment already pro-
posed for glassy polymers, the mechanisms of
the plastic flow of semicrystalline polymers can
be viewed as a combination of a thermally acti-
vated contribution necessary to overcome the
intermolecular forces in the stiff crystalline
phase and a nonthermally activated contribution
related to the stretching of the macromolecular
network.22,53–56 Equation 8 is an example of a
constitutive equation that has been proposed for
the drawing of semicrystalline polymers:55

r ¼ Y þGðk2 � 1=kÞ ð8Þ

The first term of the second member of eq 8,
which holds for the dependence of the yield
stress (Y) on the strain rate and temperature,
may be expressed via an Eyring formalization.
The second term holds for the stretching
of the macromolecular network in the frame-
work of the Gaussian-like rubber elasticity; G
¼ nkT is the shear modulus and k is the draw
ratio. When applied to the analysis of the
strain-hardening domain, this approach gives

access to quantitative data on the entangle-
ment density of the macromolecular network
via the number of mechanically active chains
per unit of volume (n). Several reports have
demonstrated the usefulness of this model for
comparing various PEs and related copolymers.
However, some authors believe that the quanti-
tative information concerns only entangle-
ments,22,53,54 whereas others assume that both
entanglements and TMs are concerned.56

Krigbaum et al.57 tried to account for the
dependence of the modulus on the temperature
of semicrystalline polymers with a molecular
model based on the mechanism of crystalliza-
tion. Every chain is assumed to start crystalliz-
ing at several loci along its length by depositing
simultaneously short chain segments onto the
growth surface of several crystallites. From
that event, crystallization proceeds by chain
folding until every chain portion between two
consecutive anchoring points becomes a taut
TM. This model is very close to Fischer’s solidi-
fication model14 and also agrees with the pic-
tures of Figure 1. The basic parameter of the
model (N) is the contour length of the chain
portion determined by two consecutive anchor-
ing points of the chain, as sketched in Figure
4. Indeed, this parameter determines the proba-
bility of the occurrence of TMs: the higher N is,
the lower the TM probability is. The tensile
modulus (E) obeys a relationship of the follow-
ing form:

E ¼ ðqRT=M0ÞFðb; a;NÞ ð9Þ

where qRT/M0 is the rubberlike modulus and
F(b,a,N) is a rather complex function that takes
into account the amorphous chain straining. a is
the crystal volume fraction, and b ¼ l�1[1/N1/2

(1 � a)] is a strain parameter that holds for the
non-Gaussian rubber behavior of the taut TMs
via the inverse Langevin function (l�1).

From the determination of the parameter N
by a fitting procedure of eq 9 with the experi-
mental E(T) data, the model enables us to com-
pute the number of regular chain folds between
two consecutive TMs.22,39 Table 2 reports data
for a series of ethylene–butene copolymers that
notably show a decrease in the number of regu-
lar folds between TMs (n) with increasing counit
concentration.22 It is tempting to convert these
data into the TM surface fraction at the crystal–
amorphous interface (Fs) because the relation-
ship is simply Fs ¼ 1/n. This latter parameter is

Figure 4. Molecular mechanism of crystallization of
a flexible chain according to Krigbaum et al.:57 (a) the
deposition of a chain segment onto two adjacent grow-
ing crystallites and (b) the crystallization of the chain
segment via chain folding between the anchoring
points.
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equivalent to the fT parameter of Brown and
Ward defined in eq 7. The Fs data reported in
the last column of Table 2 are of the same order
of magnitude as the fT data of Table 1. This
agreement between the two models is really
amazing because the two experimental appro-
aches and the theoretical bases of the models
are quite different. The main superiority of
Krigbaum’s model over Brown and Ward’s model
is that it does not involve any adjustable param-
eter. Nevertheless, the two approaches are able
to account for the influence of crystallization
kinetics. In the theoretical bases of Krigbaum’s
model, the N parameter notably accounts for the
concurrence between nucleation and crystal
growth: the greater the nucleation rate is, the
lower N is. In conclusion, the value Fs � 1 for
the lower density copolymer (Table 2) is relevant
to the fringed-micelle macroconformation, a
chain topology that has been already claimed to
be a characteristic of low-density copolymers
with noncrystallizable counits (see the discus-
sion in refs. 21 and 22).

An experimental assessment of the TM den-
sity from nonmechanical tests was proposed by
Fischer et al.58 from small-angle neutron scat-
tering. Just as in Krigbaum’s model, the chains
are assumed to crystallize into several chain-
folded clusters belonging to adjacent lamellae,
and the determination of the number of molecu-
lar clusters per chain allows a direct estimation
of the number of TMs per chain. The approach
has been applied to PE, PP, and poly(ethylene
oxide).58 The major problem of this method is
that it requires the introduction of deuterated
chains into the material before crystallization.
Despite the promising capabilities of the method,

no further use of it has been reported, certainly
because of experimental difficulties.

Small-angle X-ray scattering may also be
used for probing the density of intercrystalline
molecular connections, that is, TMs and entan-
glements. Indeed, experiments carried out on a
semicrystalline polymer strained in the elastic
domain, at a temperature above the glass transi-
tion of the amorphous phase, give access to the
local compliance of the rubbery amorphous
layers.59 This approach does not provide practi-
cal data on the intercrystalline connection den-
sity, but it affords comparative information for
polymers of the same kind. For instance, for
PEs of various chemical architectures and equiv-
alent crystallinity, a greater compliance of the
amorphous phase reveals a lower density of
TMs and entanglements.59 This conclusion is
likely to provide an explanation for the different
long-term behaviors and creep resistances al-
ready reported for the same materials.49

THEORETICAL ASSESSMENT OF TIE CHAINS
AND ENTANGLEMENTS

Polymer crystallization has been the subject of
numerous theoretical studies that are beyond
the scope of this review. However, the most
advanced of these approaches, developed by
Hoffman and Miller (see their recent review in
ref. 60), contains fundamental aspects of chain
topology that deserve to be mentioned. Indeed,
their approach, based on the experimental
observation of three crystallization regimes for
linear PE, predicts that isothermal crystalliza-
tion at low undercooling involves a high fre-

Table 2. Number of Regular Folds (n) as a Function of the Molar Counit
Concentration (v) for Ethylene Copolymersa

v (mol %) Mw (kDa)b Xc (wt %)c Nd dc (nm)e nf Fs

— 135 75 350 20.5 16 0.06
0.6 157 66 170 17.5 8 0.12
1.1 178 62 110 14.5 6 0.17
2.5 136 53 25 11.5 1.5 0.40
5.0 140 43 6 8.5 1 �1

a The data were taken from ref. 22.
b Weight-average molecular weight.
c Weight-fraction crystallinity.
d Computed from n (Fs ¼ 1/n).
e Crystal thickness.
f See ref. 22 for the calculation of n.
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quency of adjacent re-entry chain folding,
whereas large undercooling promotes a high
rate of nonadjacent re-entry accompanied by the
generation of loose loops and TMs. In the second
instance, chain folding is also suspected to
involve a mechanism of reeling in the chains
from the melt, with a concomitant disentangle-
ment of the chains during crystallization.

The occurrence of chain folding with adjacent
re-entry has been a matter of deep controversy
(see ref. 61 and the discussion therein). None-
theless, from the standpoint of mechanical prop-
erties, the main issue of the model is that the
natural trend of flexible-chain molecules to crys-
tallize by chain folding is strongly affected by
the crystallization conditions, and the actual
chain topology of semicrystalline polymers in
the solid state will be, in many instances, differ-
ent from Fischer’s scheme (Fig. 2). The latter is
most probable for crystallization at large under-
cooling or at high cooling rates. Unfortunately,
Hoffman’s model does not give access to the TM
density or to the extent of chain disentangle-
ment during crystallization.

Theoretical approaches specifically addressing
the evaluation of the chain topology in the amor-
phous layers of semicrystalline polymers have
been developed on the basis of the statistical
mechanics of chain molecules. The general as-
sumptions are that the crystallites are pre-exist-
ing entities and that the amorphous chains that
exit from the crystal surface obey random-walk
or Gambler’s ruin statistics in the domain
between two neighboring crystallites.62–73 A
number of these studies, which focused on the
region close to the surface, concluded that about
two-thirds of the chains re-enter the same crys-
tal lamella at a site close to the site of exit, after
a short run in the amorphous layer.62–67 How-
ever, most of these studies did not consider the
respective occurrence of loose loops or TMs in the
remaining one-third of the amorphous chains.
Some authors have specifically addressed the
question of chain segments crossing the entire
amorphous layer thickness (la) and making
TMs.62,66 For instance, using a three-dimensional
simple cubic lattice, Guttman et al.62 predicted
that the fractions of chain loops and intercrystal-
line molecular bridges (PL and PB, respectively)
obey the following relations:

PL ¼ M=ðM þ 1Þ and PB ¼ 1=ðM þ 1Þ ð10Þ

where M is the thickness of the amorphous
layer expressed as the number of statistical

links. The model predicts that the ratio of
bridges to loops decreases as 1/M when la
increases. The average lengths of loops (hLi) and
bridges (hBi) are given by

hLi ¼ 2M þ 2 and hBi ¼ ðM þ 1Þ2 ð11Þ

Because M is much greater than unity, these
relationships predict that bridges are much lon-
ger than loops, on average.

Although I do not deny the predictive capa-
bilities of the models, neither the structure of
the polymer chain nor the influence of the
crystallization conditions is taken into consid-
eration in the calculations. Therefore, the the-
oretical estimations are of little benefit for
understanding the mechanical properties and
long-term behavior of semicrystalline polymers
with respect to the molecular architecture and
processing.

The question of the influence of the molecular
architecture on the probability of TM formation
has been considered for ethylene copolymers. In
all the endeavors, the counits are considered for-
eign elements that are rejected from the crystal-
line phase and thus disturb the chain statistics
close to the crystal–amorphous interface. In a
series of detailed studies, Mathur and co-
workers68–70 obtained contrasting results for the
effect of counits. Using a two-dimensional
square or a three-dimensional cubic lattice for
describing the statistical pathway of the chain
segments in the amorphous layer, these authors
concluded that the introduction of counits en-
tails either a decrease or a slight increase in the
TM frequency, respectively. These conclusions,
which depend on the model, are quite puzzling;
besides, the issue of the two-dimensional model
contradicts the common interpretation of the
improvement of the mechanical properties of
ethylene copolymers (see the introduction). Sur-
prisingly, the authors concluded from their cal-
culations that it was erroneous to ascribe the
mechanical property improvement of ethylene
copolymers to an increase in the TM concentra-
tion. In contrast, Lacher and coworkers71–73 pre-
dicted a stringent increase of the TM probability
from 0.05 to 0.5 as a result of an increase in the
counit concentration from 0 to 8 mol %. The
model considers the influence of the counits on
the characteristic ratio C? of the chains. Figure
5 shows the computed data.72 The probability of
the so-called links that correspond to entangled
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loose loops from opposite crystalline lamellae is
also plotted in Figure 5.

Huang and Brown74,75 proposed a quite differ-
ent statistical approach specifically targeted at
the assessment of TMs; they considered that the
chain topology in a crystalline polymer is pre-
served during the crystallization stage. This
assumption agrees with Fischer’s solidification
model (Fig. 2). In this instance, the probability
for a chain in the melt to build up intercrystal-
line TMs during crystallization is given by the
probability of finding chain segments long
enough to span an amorphous layer and the two
adjacent crystalline lamellae, that is, chain seg-
ments longer than L ¼ 2lc þ la, where lc is the
crystal lamellar thickness. The approach re-
quires the structural parameters lc and la to be
previously determined. The TM probability is
then given by the following equation based on
Gaussian statistics for the chain segments at
the moment of crystallization:

p ¼ 1
R1
L r2 expð�b2r2Þdr

3
R1
0 r2 expð�b2r2Þdr ð12Þ

where b2 is equal to 3/2hr2i and hr2i is the
mean-square value of the end-to-end distance of
the entire chain in a random coil conformation.
The value L for the lower limit of integration of
the upper integral of eq 12 holds for the compu-
tation of the number of chain segments having
an end-to-end distance greater than L. The 1/3
factor holds for the fact that only chain seg-
ments with their end-to-end vector normal to
the crystalline lamellar surface can actually
make TMs. This probability of occurrence of
TMs concerns an isolated chain.

Equation 12 notably predicts an increase in
the TM probability as lc drops with decreasing
crystallinity for ethylene copolymers.75 Figure 1
provides a schematic view of this conclusion.

Figure 5. Computed (a) TM and (b) entangled loop probabilities as a function of
the counit concentration in ethylene–butene copolymers. (From R. C. Lacher and J.
L. Bryant, Macromolecules, 1988, 21, 1183, '1988 American Chemical Society, repro-
duced by permission.)
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The most remarkable aspect of this approach is
that it provides a molecular explanation for the
evolution of the mechanical properties of ethyl-
ene copolymers reported by Huang and Brown75

and by many others.22–29 More specifically,
Figure 6 shows the very nice correlation found
by Huang and Brown between the crack opening
rate dependence on the short-branch content of
ethylene copolymers and the predicted depend-
ence of the TM density.75 The TM probability
data predicted by this model are significantly
below the data from Lacher and Bryant72 re-
ported in Figure 5, at an equivalent branch con-
tent (for comparison, 5 butyl/1000 C � 1 mol %
hexene counits).

Using Huang and Brown’s model, Hosoda and
Uemura76 and then Patel et al.56 reported calcu-
lations of TM probability for a series of ethylene
copolymers covering a wide range of crystallin-
ities for various molar weights. An example of
the theoretical results is shown in Figure 7; the
computed data are based on a previous experi-
mental determination of the structural parame-
ter L for every copolymer. These data predict
that, after an increase in the TM density with
decreasing crystallinity, a decrease in the TM
density should occur for crystal weight fractions
below 30% because la increases more quickly
than 2lc decreases. In addition, Patel et al.
showed a significant disagreement between the
data from Huang and Brown’s model and the
data from the rubber elasticity treatment of the
strain hardening of the materials. This point
emphasizes the role of chain entanglements,
which are not taken into account in the former
theoretical model but which actually contribute
to the experimental measurement of the strain
hardening.

Yeh and Runt77 proposed to improve Huang
and Brown’s model by taking into consideration
the chain entanglements in the amorphous
layers, in parallel with TMs. The calculations
are based on the probability of two entangled
chains crystallizing into two different adjacent
lamellae. It turns out that the probability of
chain entanglement is much greater than that
of conventional TMs, and so the latter can be
neglected. Strebel and Moet78 proposed a further
improvement to Yeh and Runt’s modifications,
notably by considering the finite length of the
chains and the influence on the TM probability
of the chain segment inclination with respect to
the lamellar surface. Unfortunately, these
authors did not perform the probability calcula-

Figure 6. Slow crack growth behavior of ethylene
copolymers: (a) the crack opening rate and (b) the pre-
dicted TM probability as a function of the branch con-
tent. (From Y.-L. Huang and N. Brown, J Polym Sci
Part B: Polym Phys 1991, 29, 129, '1991 John Wiley
& Sons, Inc., reproduced by permission.)

HIGHLIGHT 1739



tions. Beerbaum and Grellmann79 tried to use
Yeh and Runt’s theoretical approach to account
for the dependence on the molar weight of the
resistance to crack growth under impact of vari-
ous kinds of PEs and parent copolymers. These
authors notably showed a roughly linear depen-
dence of the probability of entangled TMs on the
molar weight of linear PE, as reported in Figure
8. The major criticism that can be made of this
kind of analysis of isolated chains is that the
quantity of matter under consideration increases
linearly with the molar weight of the chain, and
so the probability calculations are irrelevant for
any mechanical property prediction. For in-
stance, the data of Figure 8 show that the
entangled TM probability per chain jumps by a
factor of about 7, that is, from 0.2 to 1.4, when
the molar weight increases by about 6 times,
that is, from 90 to 550 kDa. A more relevant
analysis would be a report of the data per unit
of mass of material; in that instance, the TM
probability would appear to be almost independ-
ent of the molar weight. The same criticism
applies to Huang and Brown’s study74 of the
slow crack growth of HDPE; indeed, the authors
compared theoretical TM probability data for an
isolated chain with experimental data of the TM
surface fraction that refer to bulk intertwined
chains. The phenomenon of chain overlapping,

which has a major influence on TM formation in
the bulk, has never been taken into considera-
tion. The computation of the probability of inter-
crystalline connections per chain may be mis-
leading if the reader does not keep in mind this
phenomenon, which is further discussed in the
next sections.

Lastly, Gedde and Jansson80 put forward a cal-
culation of the TM density mainly based on geo-
metrical considerations of the polymer crystalline
morphology, the only ingredient from statistical
mechanics being the ratio of TMs to chain loops
borrowed from Guttmann et al.62 As in the case of
the Huang–Brown model, the authors predicted
an increase in the TM concentration with increas-
ing molar weight. However, they surprisingly also
predicted a TM concentration increase with in-
creasing crystal concentration above 50%: this is
contrary to what is generally concluded from
experiments and also predicted with Huang and
Brown’s model.56,75,76

SHORTCOMINGS OF THE MODELS

The first models based on a statistical approach
to the conformation of the amorphous chain seg-
ments consider the crystal lamellae from which
the segments are making their way through the

Figure 7. TM probability versus the density for homopolyethylene according to
Huang and Brown’s model: (*) M ¼ 20 kDa, (n) M ¼ 50 kDa, and (^) M ¼ 99 kDa.
(From R. M. Patel et al., J Appl Polym Sci, 1996, 60, 749, '1996 John Wiley & Sons,
Inc., reproduced by permission.)
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amorphous layer as pre-existing elements of the
structure. The models ignore that the conforma-
tion of the chain segments confined in the amor-
phous layers can be strongly affected by the
mechanisms of crystallization because every
segment is anchored by its two ends before
crystallization completion. This is sketched in
Figure 8(a,b), which illustrates two situations of
a chain segment of contour length 2lcþla: the two
lateral moieties are anchored into crystalline
lamellae via two stems of length lc, and the
remaining intermediate moiety of an end-to-end
distance close to la is either a TM or a loose loop.
The constrained intermediate moiety certainly no
longer obeys the same statistics that are obeyed
before crystallization. Also, for the trapped en-
tanglements sketched in Figure 8(c), the chain
conformation may hardly obey random-walk
statistics.

In contrast to the previously mentioned theo-
retical models, Huang and Brown’s approach
and the derived models consider the chain topol-
ogy as a result of crystallization. The probability
of an isolated chain building up intercrystalline
TMs within its own sphere of gyration, regard-
less of the occurrence of entanglements, is com-
puted in the assumption that the random coil
conformation in the melt is roughly preserved
through crystallization: only local rearrange-
ments of chain segments into parallel stems are
allowed for the growth of the crystalline lamel-
lae, according to Fischer’s scheme (Fig. 2).
Huang and Brown’s model makes no hypothesis
concerning the kind of statistics that amorphous
chain segments obey after crystallization; it just
makes a calculation of the TM potentiality

before crystallization. An implicit assumption of
the model is that molecular rearrangements do
not involve TM loss during crystallization.

The main point of criticism of this latter
model is that no analytical expression has been
provided for the volume fraction or the surface
fraction of TMs that can be compared with
experimental fT data obtained with the Brown–
Ward brittle failure method. As a matter of fact,
because the stiffness and strength of the mate-
rial are determined by the stress distribution
through the cross section of the material, the
relevant parameter is the surface density of
TMs normal to the main stress. The situations
depicted in Figure 1 show that if the TM proba-
bility per chain is actually much larger with a
LLDPE chain in comparison with a HDPE
chain, the situation is not so obvious regarding
the TM cross-section density in an amorphous
layer.

Second, as sketched in Figure 9, the TM prob-
ability of Huang and Brown’s model necessarily
includes chain segments that re-enter the same
lamella after a run of a distance close to or
greater than la in the amorphous phase, namely,
the nonadjacent re-entry loose loops. Such topo-
logical elements of the amorphous phase, which
do not contribute to TMs, are not taken into
account in the 1/3 prefactor of eq 12. However,
such folding loops may trap the entangle-
ments that already exist in the molten material
[Fig. 9(c)], and in that case, they may constitute
entangled TMs of the kind considered by Yeh
and Runt.77 This phenomenon is not explicitly
mentioned by Huang and Brown, and the rate of
entanglement of the loose loops is not known. If

Figure 8. Probability of entangled TMs versus the
molar weight for homopolyethylene according to Yeh and
Runt’s approach. (From H. Beerbaum andW. Grellmann,
ESIS Publ 2000, 27, 163, '2000 European Survey of
Information Society, reproduced by permission.)

Figure 9. Sketch of three situations after crystalli-
zation for amorphous chain segments with a total con-
tour length equal to or greater than 2lc þ la in the
melt: (a) TMs, (2) loose loops, and (3) entangled loose
loops.
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this statement is true, the modifications intro-
duced by Yeh and Runt and by Strebel and
Moet78 are irrelevant.

The third point concerns the fact that a
majority of authors wonder about the evaluation
of the molecular interconnections only from the
standpoint of TMs, the chain entanglements
being neglected as active elements for the
stress transfer between crystallites. As shown in
Figure 9(c), an entanglement can transfer stress
between neighboring crystallites just as two
close TMs can. Surprisingly, in the extension of
Huang and Brown’s model proposed by Yeh and
Runt,77 the authors came to the conclusion that
chain entanglements are much more numerous
than TMs, and so they neglected the latter. This
is a major problem for both the physical mean-
ing and the mechanical relevance of TMs as
viewed in Huang and Brown’s model.

The fourth point of criticism is the question of
chain overlapping. In a given volume of a bulk
material, several chains are intertwined, and so
the concentration of intercrystalline molecular
connections in the reference volume element is
proportionally increased. So far, no attempt has
been made to account for this phenomenon in
the evaluation of the TM concentration, all cal-
culations being made per chain.

The fifth point of criticism is that all theoreti-
cal approaches always assume that chains in
the melt are under equilibrium conditions, and
so this equilibrium state is basically preserved
throughout crystallization. This is the situation
depicted in Figures 1 and 2. However, there
have been a number of experimental findings
that strongly suggest that the crystallization of
linear flexible-chain polymers at low undercool-
ing involves large-scale chain rearrangements
that result in a significant modification of the
chain topology in the solid state.48,50,51,79,80

These rearrangements notably involve a reduc-
tion of the TM and chain entanglement concen-
tration, as predicted by Hoffman’s crystallization
model (see the previous section). As a mater of
fact, the reduction of the low-temperature frac-
ture resistance of high-crystallinity PE after
crystallization by slow cooling or high-tempera-
ture isothermal treatment has been ascribed by
several authors to reduced TM and chain entan-
glement concentrations, in comparison with
those of the quenched material.48,50,80,81 PP82

and POM52,83 also are highly sensitive to crys-
tallization kinetics: increasing the isothermal
crystallization temperature reduces intercrystal-

line molecular connections, as evidenced by the
drop in the mechanical performances. In such
instances, the estimation of the TM probability
with Huang and Brown’s model may lead to
erroneous conclusions. In contrast, regarding
copolymers, the counit exclusion from the crys-
talline phase has been shown to disturb the
mechanism of regular chain folding, which
allows a crystallization process close to the solid-
ification model.21,22 In that case, the final entan-
glement density in the solid copolymers should
be close to that of the melt; Huang and Brown’s
model conforms to this topological situation.

The observation by Gedde and Jansson80 that
high-molar-weight PE materials are not sensi-
tive to crystallization conditions provides sup-
port for the previous comment about chain dis-
entanglement during crystallization. Indeed,
under the assumption that chain reeling is an
actual phenomenon, chain reptation theory pre-
dicts that the time necessary for undoing a point
of entanglement between two chains in the melt
should increase as the cubic power of the dis-
tance from the chain end,84 and so long chains
are expected to be much less sensitive to disen-
tanglement than short chains.

A sixth and final point is that only linear
chains have been considered in the theoretical
approaches. Long-chain branching (LCB) in PE
is well known to bring modifications to the chain
topology in the solid state and, therefore, to the
mechanical properties, in comparison with PE
with linear chains of equivalent Rg in the melt.
There are two reasons. First, chain diffusion in
the melt is strongly reduced by LCB, as evi-
denced by the strain hardening of the elonga-
tional viscosity,85,86 and this is likely to prevent
disentanglement during crystallization. How-
ever, increasing LCB reduces the coil overlap-
ping in the melt and thus promotes intrachain
entanglements, which are mechanically less effi-
cient than interchain entanglements in the solid
state.87 Second, the reduced chain mobility due
to LCB improves the crystallization kinetics of
PE88 and thus reduces the time allowed for the
local rearrangement of the chain stems during
the crystallite growth. As a matter of fact, the
relaxation time in the melt of chains with LCB
is shifted to very high values in comparison with
linear chains of equivalent molar weight.89 This
immobilization of the chains is favorable to the
nucleation step of the crystallization process.
This effect is similar to quenching crystalliza-
tion, which has been previously mentioned to
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improve the TM concentration, in comparison
with slow crystallization.

For all these reasons, it would be worthwhile
to propose a more adequate calculation of the
density of mechanically active molecular species
of the amorphous phase that bridge neighboring
crystallites.

ENDEAVOR TO IMPROVE HUANG
AND BROWN’S MODEL

Huang and Brown’s model has proved to be one
of the most attractive models for predicting the
TM probability because of the assumption of a
chain topology similar to the largely accepted
solidification model of Fischer. As a matter of
fact, a successful comparison of the experimen-
tal data for the mechanical properties has been
made with theoretical calculations from the
model. The model yet suffers from a few short-
comings, and we now propose some improve-
ments to give direct access to a mechanically
accessible quantity analogous to the fT para-
meter of Brown and Ward (eq 6).

Chain Overlapping

In a given volume of the material, several
chains are deeply intertwined, and so the actual
density of TMs in the bulk material is R times
greater than the TM density per chain, R being
the chain overlapping ratio. This R factor can be
approached from a comparison of the actual den-
sity (q) of the materials and the apparent den-
sity (qapp) of an isolated chain.

A number of poly(a-olefin)s with short lateral
groups, including isotactic and atactic PP and
isotactic polybutene, as well as ethylene/a-olefin
copolymers of low counit contents, obey the
unique scaling law between Rg of the coils in
the melt and the molar weight; it has the form
of eq 1 with a constant a value of 1.26 6 0.2.15

A departure from this law has been observed for
ethylene/a-olefin copolymers with a high counit
content, for which the crystallinity drops drasti-
cally.90 However, using eq 1 with the aforemen-
tioned constant enables us to estimate qapp of an
isolated chain in a random coil conformation of
any ethylene copolymer:87

qapp ¼ M=NAVcoil ¼ 3M=4pNAR
3
g ð13Þ

where M is the molar weight of the chain, Vcoil

is the gyration volume of the chain coil, and NA

is Avogadro’s number. For the sake of illustra-
tion, qapp of an isolated ethylene copolymer
chain drops from 0.10 to 0.02 g/cm3 when the
molar weight increases from 5 to 100 kDa. For a
melt density of PE-like materials of approxi-
mately 0.85 g/cm3,91 the data indicate that the
actual density of chain segments in a given vol-
ume is 8.5 or 42 times greater than the segment
density due to a single chain. The same figures
applies to the TM probability for a bulk material
in comparison with the TM probability for a sin-
gle chain.

Cross-Section TM Density

Starting from Huang and Brown’s model, we
can express the TM probability in an isolated
chain (p) as the ratio of the accumulated weight
of TMs to the total molar weight (M) of the
chain:

p ¼ nTMMTM=M ð14Þ

where MTM is the average molar weight of a
single TM and nTM is the average number of
TMs per chain. The question of the average
molar weight of TMs, that is, their average con-
tour length, is not a trivial one. People dealing
with chain topology from the standpoint of crys-
tallization often assume random-chain statistics
(see the Theoretical Assessment of Tie Chains
and Entanglements section). In contrast, people
dealing with chain topology from a mechanical
standpoint rather assume a stretched chain con-
formation for the TMs. This is notably the case
for Peterlin’s and Krigbaum’s approaches to the
elastic modulus. It is also the assumption
implicitly made by Brown and Ward for their
approach to low-temperature rupture. The ma-
jor reason for this assumption is that slack TMs
are likely not to contribute to both the stiffness
and the strength of the material. Therefore, in
this work, the TM conformation is assumed to
be close to chain-extended, according to the
sketch of Figure 9(a). The TM contour length is
not much different from la. Then, the molar
weight of a single TM roughly obeys the fol-
lowing:

MTM ¼ M0la=l0 ð15Þ

where l0 ¼ 0.25 nm92 and M0 ¼ 28 Da are the
length and molar weight of the PE monomer
unit, respectively.
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Then, the density of TMs per unit of volume
(dv) of the amorphous phase in the crystallized
material, for an isolated chain, can be expressed
as follows:

dv ¼ nTM=ð1� VcÞVcoil ð16Þ

where Vcoil is the volume of the sphere pervaded
by a chain of molar weight M and Rg in a ran-
dom coil conformation and Vc is the crystal vol-
ume fraction of the solid material.

As a more reliable parameter for mechanical
properties, we can derive the density of TMs per
unit of surface (ds) of the crystal–amorphous
interface for an isolated chain in the crystallized
material:

ds ¼ dv � la ð17Þ

It is now easy to convert the TM density per unit
of surface into a TM area fraction per chain via

fs ¼ ds � S0 ð18Þ

where s0 ¼ 0.18 nm2 is the cross section area of a
single stem emerging from the crystal surface, as
determined from the basal plane area of the PE
orthorhombic unit cell.92

Finally, taking into consideration the fact that
the actual material consists of intertwined
chains, we can obtain the overall area fraction
of TMs at the crystal–amorphous interface as
follows:

Fs ¼ fs �R ð19Þ

where R is given by q/qapp (the ratio of the actual
density of the material to the apparent density
of an isolated chain coil, as given in eq 13).

Therefore, the final equation for the TM area
fraction is

Fs ¼ pqNAl0s0=M0ð1� VcÞ ð20Þ

For the sake of illustration, the TM surface frac-
tion has been computed for a series of ethylene
copolymers already studied by Huang and
Brown.75 All the necessary parameters for the
calculation are reported in Table 3. The TM
probability for an isolated chain increases from
p � 0.002 for the high-density homopolymer up
to p � 0.093 for the copolymer of lower density.
In parallel, the TM surface fraction increases
from Fs � 0.005 to Fs � 0.160. These data are
fairly close to the values of the fT parameter
computed with the Brown–Ward experimental
approach (see the data in Table 1).

If chain overlapping is not taken into consid-
eration, the calculations give Fs values about 50
times lower than the figures of Table 3. In addi-
tion, as already underlined, these Fs figures
include both the actual TMs that bridge neigh-
boring crystalline lamellae and the loose loops
that connect chain stems from the same lamella
and are likely to form entanglements with loose
loops from the opposite lamella. Because TMs
and entangled loops both contribute to the stress
transfer between crystalline lamellae, this re-
mark may be an explanation for the good agree-
ment between the theoretical Fs data and the
experimental fT data.

Regarding the influence of the chain length,
Huang and Brown74 computed the TM probabil-
ity per chain (p) for linear homopolyethylene as
a function of the molar mass. The p data
reported in Table 4 are significantly higher than

Table 3. Physical Characteristics of Ethylene–Hexene Copolymersa

v (mol %)b q (g/cm3) Wc (%)c Vc (%)d lc (nm) la (nm) p � 103 Fs
e

— 0.968 71 68.7 33 13 1.6 0.005
0.16 0.959 64 61.4 27 15 9.2 0.022
0.24 0.950 61 58.0 24 15 15.4 0.033
0.40 0.947 59 55.9 23 16 38.3 0.080
0.46 0.942 58 54.6 21 15 54.7 0.110
0.92 0.938 52 48.8 17 16 92.7 0.160

a The data were taken from ref. 75.
b Molar counit concentration.
c Crystal weight fraction.
d Vc ¼ (q/qc) Wc, where qc is 1.00 g/cm3 according to ref. 91.
e Computed with eq 17.
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the corresponding figure for the homopolymer in
Table 3 because of the assumption of a rather
low value of 27 nm for the long period for all the
materials under consideration. The Fs data of
Table 4 display a steady increase with increas-
ing molar weight, and this corroborates the com-
mon statement that the improvement of the
mechanical properties with increasing molar
weight results from a concomitant increase of
the TM concentration. However, this increase is
less pronounced than that of the p data. A simi-
lar conclusion could be made from the analysis
of the data reported by other authors who
checked the predicting capabilities of Huang
and Brown’s model.56,76,79

Chain Entanglements

The second point of criticism discussed in the
Shortcomings of the Models section emphasizes
that Huang and Brown’s model for evaluating
the TM probability includes looses loops at the
surface of the crystalline lamellae that are able
to make entanglements with their counterparts
of the opposite lamellae. Therefore, the Fs data
computed from eq 20 also include loose loops
and their eventual entanglements. Notwith-
standing this problem, the entanglement contri-
bution to intercrystalline molecular connections
can be evaluated separately from that of TMs.
Yeh and Runt77 formerly proposed a theoretical
approach to chain entanglements for an isolated
chain derived from Huang and Brown’s model
for TMs. The model takes into account the dis-
tance between entanglements in the melt but
considers selectively the entanglements from
chains that are likely to be buried in different

crystalline lamellae, that is, entanglements that
will actually give rise to intercrystalline bridges.
Unfortunately, as for Huang and Brown’s model,
the probability calculations only concern an iso-
lated chain. Also, no account was made of chain
overlapping and intertwining, and this is neces-
sary for a comparison with experimental data
for bulk materials. More precisely, no attempt
was made to compute the surface fraction of
entanglements in the cross section of the amor-
phous layer.

Regardless of the reasons that all entangle-
ments or only the ones pertaining to chains
buried in different lamellae should be taken into
consideration, the surface fraction of entangle-
ments can be determined by analogy with the
previous approach to TMs. The molar weight
between entanglements (Me) can be defined as
follows:

Me ¼ M=ne ð21Þ

where ne is the average number of entangle-
ments per chain. Because two chains are
required to form an entanglement but every
entanglement gives rise to two equivalent TMs,
the number of TMs equivalent to the entangle-
ments, for a single chain, is

nTM;e ¼ ne ¼ M=Me ð22Þ

The equivalent TM surface fraction due to
chain entanglements (Fs,e) is given by a combi-
nation of eqs 16–19 with eqs 13 and 22. The
following relationship, analogous to eq 20, is
then obtained:

Fs;e ¼ qNAlas0=Með1� VcÞ ð23Þ

Table 4. Physical Characteristics of Ethylene Homopolymers of Various
Molar Weightsa

Mw (kDa)b q (g/cm3) Wc (%)c Vc (%)d lc (nm)e la (nm)c p � 103 Fs
f

174 0.970 70 68 18.3 8.7 50 0.145
539 0.964 66 64 17.2 9.8 140 0.360
786 0.961 63 61 16.3 10.7 195 0.460

1001 0.958 61 58 15.8 11.2 235 0.510

a The data were taken from ref. 74.
b Weight-average molecular weight.
c Crystal weight fraction.
d Vc ¼ (q/qc) Wc, where qc is 1.00 g/cm3 according to ref. 91.
c Huang and Brown74 assumed Lp ¼ lc þ la ¼ 27 nm; lc and la were then computed from the

equations lc ¼ Vc � Lp and la ¼ Lp � lc.
f Computed with eq 17.
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If all entanglements are preserved during crys-
tallization, Fs,e should directly depend neither
on the molar weight nor on the counit concen-
tration. However, Fs,e should indirectly depend
on these parameters via the density (q) and,
most of all, via la.

Comparing eqs 20 and 23 provides a means of
evaluating the respective contributions of TMs
and entanglements. The ratio of the surface
fraction of TMs to that of entanglements is

Fs=Fs;e ¼ pl0Me=laM0 ð24Þ

If all entanglements are preserved throughout
the crystallization process, the Me value in the
solid materials should be the same as the char-
acteristic figure of molten PE (i.e., Me ¼ 2 kDa),
regardless of the molar weight and crystallinity.
Then, considering that la can span the range
5–20 nm for PE materials covering the crystal-
linity range 0.75–0.30, and taking p � 0.001 for
HDPE and p � 0.3 for LLDPE,75 we can obtain
the following:

Fs=Fs;e � 0:4 for LLDPE

Fs=Fs;e � 0:007 for HDPE

These figures indicate that intercrystalline
molecular connections due to entangled chains
are more numerous than those due to conven-
tional TMs for both HDPE and LLDPE, the
departure being rather high for HDPE and quite
moderate for LLDPE. This corroborates Yeh and
Runt’s77 statement that conventional TMs can
be neglected with respect to entangled TMs for
HDPE. However, this is not the case for LLDPE.
Moreover, if only entanglements pertaining to
chains that are buried in opposing lamellae
were taken into consideration, the Fs/Fs,e ratio
for LLDPE might be greater than unity.

CONCLUSIONS

The question of the experimental or theoretical
determination of TMs is far from being resolved.
For highly oriented fibers, it is rather logical to
consider taut TMs for modeling the stiffness and
strength. For plastically drawn specimens, it is
also likely that most of the TMs are actually
taut. The problem is yet more complex regard-
ing the long-term behavior of isotropic materi-
als. Indeed, slow crack growth proceeds via craz-
ing in an unforeseeable locus because of stress

concentration on microscopic structural defects
or inclusions of foreign materials. Therefore, the
properties of the polymer matrix that rule the
long-term behavior are no longer those of the
isotropic material but are those of the drawn
one, that is, a material whose lamellar micro-
structure has been transformed into a fibrillar
one, after the fragmentation of the crystalline
lamellae and the unfolding of a great number of
folded chains. This is the reason that some
authors have studied the properties of drawn
samples to understand the long-term behavior.
Crucial questions then arise: should all TMs be
taken into consideration, or only the taut ones,
and should all entanglements have to be consid-
ered, or only the ones involving chains buried in
different crystalline lamellae?

Copolymerization definitively is a means of
increasing the concentration of intercrystalline
TMs. It is quite obvious, from experiments, that
the reduction of the crystal thickness resulting
from the segregation of the counits out of the
crystal in ethylene copolymers is a favorable fac-
tor for increasing the TM concentration. An
increase in the chain length also results in an
increase in the TM concentration because of the
reduction of chains ends. In recent years, the
synthesis of copolymers with a bimodal distribu-
tion of chain lengths has turned out to be a suc-
cessful route for increasing the TM concentra-
tion, in parallel to both a high crystal content
and a high stiffness, because of the capability of
this method for incorporating selectively the
counits in the longer chains (see the discussion
in ref. 33). This route is still an open field for
progress in the way to a very long lifetime PE.

Several experimental approaches reported in
the literature provide access to a quantitative as-
sessment of the TM concentration. The advan-
tage of the experimental approaches is that they
are able to account for the influence of the ther-
momechanical treatment of the material and
the crystallization conditions on the TM con-
centration.

Regarding theoretical approaches proposed
for quantifying the TM density, Huang and
Brown’s model is the only one that can account
for the crystallization conditions through the
crystal thickness, in addition to the effect of the
counits and chain length. There is still a question
about the meaning of TMs is this model: does the
TM calculation include entangled tie chains or
not? As a corollary, one may have doubts about
the relevance of the attempts to introduce a spe-
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cific computation of the entangled tie chains in
addition to conventional TMs.

Some improvements are proposed in this
article to allow a direct comparison of theoretical
data of the TM surface fraction with data ob-
tained from experimental approaches. Despite
the solutions that have been put forward for the
shortcomings of the theoretical models, a serious
shortcoming remains regarding the inability to
account for large-scale molecular rearrange-
ments, such as chain reeling and chain disentan-
glement, that may occur during crystallization at
low undercooling, notably for short chains.

The author is indebted to Jean-Louis Costa and Chris
Frye from BP-Solvay Polyethylene (NOH Research,
Bruxells, Belgium) for their critical comments on the
manuscript before its submission.
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