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1. Introduction case, the deformed grains become elongated with local serrations but

Most of the metallic parts have been, during their processing cycle,
subjected to hot deformation, during which dynamic recrystallization
(DRX) often takes place. The final microstructure and mechanical prop-
erties of the alloys are largely determined by the recrystallization and
related annealing phenomena, and the research on recrystallization
can date back to 150 year ago [1]. The fast development of the DRX the-
ory from 1960s was summarized by McQueen in 2004 [2]. A lot of im-
portant factors can have a significant effect on DRX, these include the
stacking fault energy (SFE), the thermo-mechanical processing (TMP)
conditions, the initial grain size, chemistry and microchemistry of the
material in terms of solute level and second phase particles etc., which
is also the reason why a vast amount of related works can be found in
the literature.

During hot deformation, discontinuous dynamic recrystallization
(DDRKX) is frequently observed for low SFE materials, where nucleation
of new strain-free grains occurs and these grains grow at the expense of
regions full of dislocations. Cell or subgrain structures with low angle
grain boundaries (LAGBs) are formed during deformation for materials
with high SFE due to the efficient dynamic recovery, they progressively
evolve into high angle grain boundaries (HAGBs) at larger deformations,
a process which is known as continuous dynamic recrystallization
(CDRX) [1]. Besides DDRX and CDRX, another relatively new concept
of geometric dynamic recrystallization (GDRX) was also observed on
deforming aluminium to large strains at elevated temperatures. In this

remain distinguishable during deformation to large strains unless
their thickness is below 1-2 subgrain size, at which time the developed
serrations become pinched off and equiaxed grains with HAGBs are
formed. Substantial grain refinement is thus obtained through the
grain elongation and thinning. Numerical models are developed for
these three types of DRX, most of them are focused on DDRX [3], with
sparse models on CDRX [4] and mostly unexploited GDRX models [5].
It should be noted that there is no strict dividing line between these
three types of behaviors. For example, CDRX was observed during
rolling of fine-grained 304 austenitic stainless steel which is of low
SFE [6], DDRX was reported for high SFE high purity Al [7], CDRX and
DDRX can even co-exist during hot working of Mg—3Al—1Zn [8] or du-
plex stainless steel [9]. When designing new alloys, the addition of
alloying elements to the base material may modify its SFE [10] and
thus change the recrystallization mode. Even for the same material,
changing the TMP conditions [11] or initial grain size [12] can also
lead to the transition from DDRX to CDRX. Meanwhile, CDRX and
GDRX can also operate concurrently, e.g., in Zircaloy-4 [13]. Due to the
increasing requirements on the formability of the metallic parts, prod-
ucts which were previously formed at room temperature, where DRX
is generally irrelevant, are now frequently processed at warm or hot
temperatures [14,15]. It is not easy to simply identify which type of
the three DRX processes is operating at certain TMP conditions since
they share some similarities and can take place concurrently and/or
transitionally. There is actually also a hot debate between researchers
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within the recrystallization field on whether CDRX or GDRX should be
responsible for the grain refinement of aluminium [16], the core issue
is whether the HAGBs observed after large deformation are transformed
from LAGBs, microshear/deformation bands, or original HAGBs.

The recrystallization phenomenon in general was reviewed in 1997 by
the top experts in this area [17], since then the EBSD technique, which can
provide invaluable information on the evolution of the crystallographic
orientations and facilitates the understanding of different DRX processes,
has been widely spread. CDRX and DDRX were recently reviewed in an
excellent and extensive review paper [18], however, GDRX was not cov-
ered and the related DRX numerical models were only briefly described.
The comparison of the three types of DRX processes was only occasionally
mentioned in a few articles [19-21]. This short review paper covers sem-
inal basic works as well as very recent contributions to all the three DRX
processes. It differs from the above mentioned review papers since it up-
dates key aspects on DRX from affecting factors, characterization methods
to mechanisms and numerical models.

The main objective of this paper is to provide a short review of the dif-
ferent types of DRX observed during hot deformation for different types of
metallic alloys, i.e., DDRX, CDRX and GDRX. The review presented is
intended to equip the beginners in metallurgy with a concise insight
into the DRX phenomenon. For more details on this topic, the interested
readers are referred to the classic textbook on recrystallization [1] and
the two excellent but longer review papers [17,18]. In Section 2, the ter-
minologies used in this field are firstly summarized, together with the
key factors influencing the DRX processes, as well as the corresponding
characterization methods. The transitions between the various types of
DRX processes are only briefly discussed due to the lack of literature
data. From Sections 3 to 5, more details on the three types of DRX are
given, including their mechanisms and related numerical models. Finally,
in Section 6, further studies within the DRX field are suggested.

2. Dynamic recrystallization
2.1. Terminology
There are different phenomenological categories of recrystallization

processes, many of them are interconnected and the borderlines be-
tween them are often unclear. It is beneficial to recall all these processes,

Z

Fig. 1. Close-packed plane in an FCC metal.

even though some of them will not be covered in this review work. In
addition, there are also some terminologies in recrystallization field
which are worth mentioning before going into the details of DRX.

Defects like dislocations and interfaces increase during deformation
which makes the material thermodynamically unstable. When
deforming metal at elevated temperatures, thermally activated process-
es tend to remove theses defects in order to reduce the free energy of
the system. The microstructure and also the properties can be partially
restored to their original values before deformation by recovery through
annihilation and rearrangement of dislocations. Recovery generally
brings relatively homogeneous microstructural changes and it generally
does not involve the migration of HAGBs between the deformed grains
[17]. Similar recovery processes may take place during annealing or dur-
ing deformation, which are known as static recovery (SRV) and dynam-
ic recovery (DRV), respectively.

The “formation of a new grain structure in a deformed material by
the formation and migration of HAGBs driven by the stored energy” in-
troduced by plastic deformation is termed as recrystallization [17]. Re-
crystallization may occur heterogeneously with clear nucleation and
growth stages, and in this case it is described as a discontinuous process.
On the contrary, it can also take place uniformly such that the micro-
structures evolve progressively with no clear nucleation and growth
stage, exhibiting a continuous character. Static recrystallization (SRX)
refers to the recrystallization process during annealing while that oc-
curred during deformation at elevated temperatures is called dynamic
recrystallization (DRX). During the early stages of annealing, fine dislo-
cation-free crystallites are formed by SRV, these nuclei grow and con-
sume the strain hardened matrix, driven by the stored energy
associated with the dislocations and/or sub-boundaries. This process is
the most studied and widely used recrystallization process, which can
be classified as discontinuous static recrystallization (DSRX). SRX can
also take place homogeneously without clear nucleation and growth
stage, a good example is when Al alloys with particle-stabilized subgrain
structure are annealed at elevated temperatures. Fine particles precipi-
tate out along grain/subgrain boundaries, gradual subgrain growth
takes place during subsequent annealing due to the coarsening of dis-
persoids (reduced pinning force) and LAGBs misorientations increase
progressively until they are transformed into HAGBs. In this way, a
new microstructure develops uniformly throughout the deformed ma-
trix, and is therefore labelled as continuous static recrystallization
(CSRX) or extended recovery.

Back to DRX, the definitions of these three types of DRX processes is
given in the introduction section, i.e., discontinuous dynamic recrystal-
lization (DDRX), continuous dynamic recrystallization (CDRX) and geo-
metric dynamic recrystallization (GDRX). It will not be reiterated here,
but more details will be given for each DRX process in later sections. It
is worth noticing that, if the straining is stopped after the critical strain
for DDRX but the annealing temperature does not drop sufficiently fast,
the recrystallization nuclei produced in the material will grow with no
incubation time into the matrix with higher stored energy. This phe-
nomenon is known as metadynamic recrystallization (MDRX) or post-
dynamic recrystallization (PDRX) [18], which will not be further
discussed in this review due to the space limitation.

It has been realized for many years that the nuclei of recrystallization
are not formed by random atomic fluctuations as for the case of phase

Table 1
SFE of common metals and alloys measured at room temperature [35].

Metal Ysee (M) m~2) Metal Ysee (M) m—2)
Aluminium 166 Zinc 140

Copper 78 Magnesium 125

Silver 22 91Cu:9Si 5

Gold 45 Zirconium 240

Nickel 128 304 Stainless steel 21

Cobalt (FCC) 15 70Cu:30Zn 20
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transformations, but small volumes which already exist in the deformed
microstructure [1]. For these small volumes, usually subgrains, to suc-
cessfully become growing new grains, it is necessary to have a high
angle misorientation, as well as an energy advantage. The classical the-
ory of strain induced grain boundary motion (SIBM) proposed by Beck
and Sperry [22], which involves the bulging of part of pre-existing
HAGB that is associated with a single subgrain possessing large size to
provide the energy advantage, further confirmed this. For SRX, this en-
ergy advantage can be built through SRV by subgrain growth [23] or
subgrain coalescence [24-26]. The time needed to form the large
subgrains such that the driving force due to the stored energy is suffi-
cient to overcome the boundary curvature, according to the classic
work of Bailey and Hirsch [27], is termed as incubation time to indicate
the initiation of recrystallization during SRX. This definition is, however,
no longer convenient for DRX, thus the critical strain (&) or critical dis-
location density (p¢;) is often used to define the onset of recrystalliza-
tion, which will be described in more detail in the following sections.
After defining the key terminology within the recrystallization domain,
the factors influencing DRX are now summarized in the following
section.

2.2. Factors influencing DRX

2.2.1. Stacking fault energy

The stacking fault energy (SFE, ysge) of the material has a significant
effect on DRX. The stacking fault is a textbook knowledge in physical
metallurgy, but it may not be equally clear for researchers outside this
field. To facilitate the discussion, perfect close-packed planes and their
arrangement in an FCC metal are shown in Fig. 1. After the first layer
A, there are two types of triangular-shaped voids (represented by the
red and black triangles in Fig. 1) that can be occupied by the next layers.

In the FCC structure, the sequence of planes is A, B and C, where
plane B and Plane C each take the position of one type of voids, as
shown in Fig. 1. A perfect dislocation slips in the {111} planes along

(110) directions, e.g., from B1 to B2 (Fl ),as shown in Fig. 1. However,
for energetic and topographic reasons, it is favorable to split the disloca-
tion into two so-called partial dislocations or Shockley partial disloca-

tions: displacement of atoms from B1 to C (Fz), and then from C to

B2 (33), as illustrated in Fig. 1. The energy (E) of a dislocation is ~Gb?.
The dissociation of perfect dislocations according to Fig. 1 is:

By = b5+ b= 5 [T10] =2 [121] +g 211] (1)

N
Dl a

Obviously, b?>b3 + b3 and, thus the dissociation of the dislocation is
favored energetically. However, we also have to account for the addi-
tional energy (‘ysg) introduced by the stacking fault, which has a higher
energy than the normal lattice, this energy prevents the partials spread
too far. The stacking fault width (d) is defined by the balance between
repulsive forces acting between the partial dislocations and attractive
force due to ysg [28]:

Ga’ 1
Vi = 54 (2)

The ysg: thus determines the extent to which unit dislocations disso-
ciate into partial dislocations. Typical ysg values of various metals and
alloys (at room temperature) are presented in Table 1. It should be men-
tioned that measuring precisely the ysg is difficult due to the small sep-
aration distance between partial dislocations, alternate methods have
been proposed [29-31]. It is even more challenging to measure Yysg at
high temperatures due to the additional change of elastic constants
and microchemistry, as well as the pinning of dislocations by solutes
or impurities. Little data are available in the literature on this aspect,
the reported ‘ysge values usually show a very large scatter [32], they

were reported to increase, decrease or even keep constant with increas-
ing temperature, depending on the investigating materials [30,33,34].

During recovery, the stored energy of the material is mainly lowered
by annihilation and rearrangement of dislocations into lower energy
configuration, both of which are achieved by glide, climb and cross
slip of dislocations. For materials with high ysgg, such as Al alloys, a-
iron and nickel, the dissociation of the perfect dislocation into two par-
tials is more difficult and perfect dislocation glide, climb and cross slip
takes place readily. During deformation at elevated temperatures,
rapid DRV occurs readily which generally prevents the accumulation
of sufficient dislocations to sustain DDRX. Well-developed subgrain
structures are observed during deformation with only limited disloca-
tions within them, and the misorientation of subgrain boundaries pro-
gressively increases which may lead to HAGBs at larger strains, this
process is known as CDRX. If the material of high ysg is deformed to a
large strain with significant reduction in one direction, e.g., by hot rolling
or hot compression, then the original grains become elongated and
GDRX can take place.

On the other hand, low 7ysge will promote the formation of wider
stacking faults, which makes the cross-slip or climb more difficult, ma-
terials of this type include silver, austenitic stainless steels etc. For
these materials, it is difficult to form subgrain structures during defor-
mation by DRV, instead, the dislocation density increases to a high
level and eventually some of the local differences in dislocation density
become large enough to overcome the capillary term to allow the for-
mation of new grains. Finally, a new microstructure is obtained, this dy-
namic process is known as DDRX.

In summary, the SFE determines the width of stacking fault which
influences the level of dislocations dissociation into partial dislocations.
Low ‘ysge promotes such a dissociation reaction which hinders the climb
and cross slip of dislocations, i.e., retards DRV. This explains why CDRX
and GDRX are generally observed for high ysg: while DDRX is expected
for materials with low 7sgg. It should be emphasized that s is not the
only factor to determine which type of DRX processes will take place
during hot deformation, other influencing factors, which also play im-
portant roles in DRX, will be discussed in the following sections.

2.2.2. Initial grain size

One of the most well-known effects of initial grain size is its
strengthening effect on yield stress (0,) through the Hall-Petch relation
[1]:

0y =00+ XL 3)

vd

where 0y is a material constant, k, is the strengthening coefficient, d is
the average grain size. Grain boundaries impede dislocation movement,
so by varying the grain size it is possible to modify the ease of disloca-
tion motion and yield strength. This obviously applies to all the three
type of DRX processes. It has been observed however that the highest
yield strength is often obtained when the grain size reaches ~10 nm;
the yield strength will either remain constant or decrease with further
decreasing grain sizes [36]. In addition to mechanical properties, the ini-
tial grain size also affects microstructure evolution of the three DRX pro-
cesses, but in different ways, as will be discussed below.

During DDRX, grain boundaries are preferred sites for nucleation, so
a large initial grain size provides fewer nucleation sites, recrystallization
kinetics is slower [37,38]. At the same time, heterogeneities such as de-
formation and shear bands, which are also sites for nucleation, are more
readily formed in materials with large grain sizes [1]. Except recrystalli-
zation kinetics, the initial grain size also largely determines the shape of
the stress-strain curve during DDRX, i.e., single peak or multi peaks.
Sakai and Jonas [39] have reported that if the ratio of the recrystallized
and initial grain size (Ds/Dy) is larger than 2 (grain coarsening), an oscil-
latory stress-strain curve with multi peaks is obtained. Lower ratio of
Ds/Dp<2 (grain refining) leads to a smooth curve with a single peak. It
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should be mentioned that the recrystallized grain size (Ds) at steady
state is not linked to the initial grain size, instead, it depends sensitively
on T and ¢ which determines the steady state flow stress. This means the
same recrystallized grain size will be obtained if the samples of different
initial grain sizes are deformed at the same condition, either by grain
coarsening or grain refinement. The initial grain size also plays a role
in determining which type of DRX processes takes place during hot de-
formation. For example, decreasing the initial grain size from 35 pm to
8 um leads to the transformation of DDRX to CDRX for 304 austenitic
stainless steel [12].

The effect of initial grain size on CDRX is not as substantially studied
as its DDRX counterpart. The effect of initial microstructure on grain re-
finement in 304 stainless steel deformed at 873 K was systematically in-
vestigated by Belyakov et al. [40]. They reported that the samples with
finer initial grain size exhibit higher yield stress and approach to
steady-state stress more quickly. Smaller grain size was found to accel-
erate the kinetics of grain refinement, i.e., the increase of misorientation
for LAGBs is faster, which was also observed when compressing AZ31
Mg alloy at 573 K [41] and Mg—8Gd—3Y—0.4Zr at 673 K [42]. Simula-
tions show that the steady state grain size is independent of the initial
grain size [4,43]. Experimental proofs on hot deformation of different
metallic materials confirm that the recrystallized grain size does not de-
pend on the initial grain size when the CDRX proceeds to some degree
[40,44].

It is known that when a polycrystalline metal is deformed, the grain
boundary area increases with increasing strain since the grains change
their shape according to the macroscopic shape change during deforma-
tion. For instance, the grains of a rolled specimen become elongated
along the rolling direction (RD), the grain thickness (H) in the normal
direction (ND) is related to the strain (&) and the initial grain size (Do)
by the following Eq. (1)

H = Dy exp(—s) @

Note that the € used here is the true strain along ND and not the
equivalent von Mises strain. The cell or subgrain size formed during de-
formation changes very little at large strains [45,46], although it de-
pends on the temperature and strain rate, the grain thickness (H)
decreases much faster and finally reaches to the size of 1 ~ 2 subgrain
size. If the deformation is performed at high temperatures, GDRX will
then take place. It can be seen that a small initial grain size (Do) will re-
duce faster the boundary space (H) to the critical value for GDRX.

40
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2
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2.2.3. Thermo-mechanical processing conditions

Most of the laboratory studies on DRX are focused on constant TMP
conditions, i.e., the deformation temperature and strain rate are kept
unchanged during the whole DRX processes. It is convenient to incorpo-
rate the strain rate (¢) and deformation temperature (T) are into a single
parameter - Zener-Hollomon parameter (Z) for studying DRX, as:

Z =¢exp (%) (5)

where R is the gas constant, Q is an “deformation” activation energy that
is often above the self-diffusion of the investigated material, A, and n
are material constants. The flow stress (0) can also be related to Z
through the Sellars and Tegart constitutive equation, i.e., Z= A(sinhao)"
[47]. In general, for the DDRX regime, flow stress curves of multiple
peaks appear when T is high and ¢ is low (low Z), and single peak
flow stress curves exhibit if low T and high & (high. A steady state is
reached for materials with these two types of flow curves at large
strains, and this steady state is dependent on Z. For CDRX and GDRX,
the stress-strain curves are much less documented since the large defor-
mation needed is usually performed by severe plastic deformation
(SPD) methods such as equal channel angular pressing (ECAP), or
high pressure torsion (HPT), which do not allow recording the stress-
strain curve. Hot torsion tests can also be used to reach large deforma-
tion as long as the temperature gradient is small enough along the
gauge length section. According to the limited available data, it is
shown that a steady state of stress is attained at large strains during
CDRX even when deformation was performed at cryogenic tempera-
tures for Cu [18], no obvious peak being observed. A sharp stress peak
was observed just after yielding during multi directional forging
(MDF) of AA 7475 at a strain rate of 3 x 10~ % s~ !, followed by work
softening at temperatures higher than 573 K during CDRX. The steady
state flow stress also decreases with deformation temperature, while
its variation with strain rate is mostly unexploited [48]. On the other
hand, when deforming an Al alloy with 99.7% of Al, 0.18% Fe and 0.07%
Si by hot torsion at 400 °C where GDRX is the main recrystallization
mechanism, it was found the flow curves show a strain hardening to
an approximate steady state regime when the strain reaches near € =
1 and the stress starts declining from &€ = 3 to € = 60 [49].

The recrystallized grain size at steady state (Ds) of DRX, which is of
great importance to the mechanical properties of the material such as
strength, ductility etc,, is also closely related to the deformation condi-
tions typically expressed as a function of Z. A large amount of empirical

B
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Fig. 2. Schematic graph showing the evolution of deformation induced (sub)boundary misorientation 64y: (a) at relatively low temperatures in highly alloyed materials containing fine
particles, and (b) at high temperatures above 0.5Tm in lightly alloyed materials [18]. The values of 64y in the interiors of the initial grains are indicated by the broken line [55].

(Reprinted with permission from Elsevier [18]).
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equations express this relationship in the literature, for different mate-
rials. As mentioned above, the steady state stress (0s) can also be related
to Z in a similar way. A well-known relationship between the normal-
ized steady state flow stress and the normalized grain size for a wide
range of materials, is reported by Derby [50,51]:

o D 2/3
f(f) = K>, 1<K,<10 (6)

where G and b are the shear modulus and the Burgers vector. Deviation
from this simple relationship (constant K,) between grain size and
stress was reported when the stress and strain rate in the sample are
not homogeneous [52].

As compared to the extensive literature data on stress-strain curves
and final recrystallized grain size, the influence of deformation temper-
ature and strain rate (in constant conditions) on recrystallization kinet-
ics and grain size during DDRX is less systematically investigated. The
microstructure evolution during DDRX of austenitic stainless steels, in
terms of recrystallization kinetics and grain size evolution, was charac-
terized by optical microscopy and EBSD at different deformation condi-
tions in Refs [53,54]. In general, recrystallization kinetics increases with
increasing deformation temperature and decreasing strain rate. The re-
crystallized grain size increases with strain and approaches to the
steady state value at ~10% of recrystallization; the steady state grain
size increases with increasing deformation temperature and decreasing
strain rate. During CDRYX, it is the evolution of the LAGB misorientation
distribution that matters for the change of microstructure during defor-
mation. It was found that deformation temperature affects the LAGB
misorientation in different ways, as schematically illustrated in Fig. 2.
The mechanisms behind will be discussed in more details in Section 4
when detailing with CDRX. The effect of strain rate on the evolution of
LAGB misorientation is, however, mostly left unexploited.

The deformation temperature and strain rate may determine the
DRX mechanism in some materials. This has been observed in different
materials such as ZK60 Mg alloys [11], AZ31B alloys [56], commercial
pure Mg [57], Inconel 690 [58], 316(N) stainless steel [59] etc. For
ZK60 Mg alloys, low temperature (<473 K) DRX is related to the opera-
tion of twinning, CDRX was observed in the intermediate temperature
range (473-523 K) while DDRX dominates at temperatures above
573 K. Actually, since the DRX mechanism changes with the Z-parame-
ter, the dependence of recrystallized grain size on Z also changes.

DRX at variable conditions has attracted more and more interests
since it is closer to industrial practices. For instance, the strain rate is
not at all constant during hot rolling, it decreases rapidly when the max-
imum strain is approached [60]. The effect of changing strain rate on
stress-strain behavior was investigated by Urcola and Sellars [61-63]
using a ferritic stainless steel, pure Al and Al-1% Mg, they reported
that the mechanical equation of state (Z=A(sinhao)") was only follow-
ed for the ferritic stainless steel and Al-1% Mg under conditions of
changing strain rate, i.e. pure Al did not follow it. In terms of microstruc-
ture evolution during and after changing the strain rate, subgrain size
and dislocation density inside subgrains are not exclusively related to
flow stress, which is the case during hot deformation at constant strain
rate. This means numerical models using the average dislocation densi-
ty (or similar quantity) as the only state variable will not be capable to
describe the (sub)microstructure evolution in the case variable defor-
mation conditions. The new equilibrium subgrain size can only be ob-
tained after some transient strain following the strain rate change;
this delay becomes more significant when the strain rate is decreased.
Systematic work on this topic were conducted later by Sellars and his
co-workers [64-67]. Deformation at variable conditions for Armco
iron and silicon steel also revealed that both the mean subgrain size
and dislocation density within the subgrains evolve [68]. Huang and
Humphreys [69] reported that DRX by strain induced grain boundary
migration, i.e. DDRX, can take place for specimens of commercial purity
Al when subjected to large strain rate reduction during high

temperature deformation. Other than changing deformation tempera-
ture and strain rate, the effect of changing deformation path on DRX
was also investigated and it was found that DRX can be delayed by strain
path change [70].

2.24. Second-phase particles

It is well known that second-phase particles play a big role in recrys-
tallization. Fine dispersoids tend to hinder boundary motion and slow
down recrystallization and grain growth through a Zener drag effect
[71,72]. The Zener pressure is proportional toygg - V¢ /T, where ygp is
the grain-boundary energy, Vyis the particle volume fraction and ris
the mean size of the particles. By contrast, coarse constituent particles
can accelerate recrystallization by particle stimulated nucleation (PSN)
due to the large amount of stored energy in the deformation zone
[73]. The solute drag effect, on the other hand, reduces the mobility of
the boundary in a more complex manner, depending on grain boundary
velocity. Both Zener pinning by fine particles and solute drag by alloying
elements in solution slow down the grain boundary migration. A com-
parison of the effectiveness of Nb solute and NbC particles on impeding
grain boundary migration in Nb steels was done by Hutchinson et al.
[74]. Since there is little direct evidence of the occurrence of PSN during
DRX [75-77], the rest of this review will only focus on fine particles and
solute effects.

There have been only a few systematic studies on the effects of sol-
utes on DRX. To exclude the contribution from precipitation, the effect
of solute can be studied for alloys at temperatures higher than the equi-
librium solution temperature. Luton and Sellars [78], Le Gall and Jonas
[79] examined, respectively, the effect of 5-20% Fe and 0.2-20 ppm S
additions on the DRX of Ni, Gao et al. [80] examined the influence of
metal purity (4 N-7 N) on the DRX of Cu, and Desrayaud investigated
the influence of carbon content on the DRX of a-Iron containing various
amounts of carbon ranging 5-200 ppm. The overall effects of increasing
solute content can be qualitatively summarized as follows: i) broadened
peak of flow stress; ii) increased peak stress and peak strain, as well as
steady state stress; iii) the proportionality constant (K) between the
steady-state stress and steady-state grain size (see Eq (6)) depends on
solute content.

A large number of studies have been dedicated to the use of second-
phase particles to control the microstructure and thus mechanical prop-
erties through DRX in Nb microalloyed steels [81], Ni-based alloys [82-
84], Mo-bearing steel [85], oxide dispersion strengthened (ODS) steels
[86], Al alloys [87] etc. A typical example is the retardation of recrystal-
lization by fine precipitates to increase the temperature of no recrystal-
lization (T,,;) during hot rolling of steels [88]. This is because large
deformation can then be applied to the austenitic structure, leading to
austenite pancaking, and strain induced transformation to form fine fer-
rite [89]. The presence of precipitates also increases the flow stress of
the material [90], as well as the austenite grain coarsening temperature
[91]. Another example concerning the effect of fine and coarse second
phase particles on grain refinement during ECAP of an Al—Mg—Mn
alloy through CDRX, studied by Nikulin et al. [92]. The tests were con-
ducted using strain intervals from 1 to 12 at a temperature of ~573 K.
Extensive grain refinement under ECAP was obtained through CDRX
when a dispersion of fine AlgMn particles was present. In contrast, a
coarse recrystallized grain structure was observed in the material with
coarse AlgMn particles due to the discontinuous growth of recrystallized
grains (i.e., PDRX) during the intervals between the ECAP passes.

The particle/matrix interfacial character also affects the DRX behav-
ior. Miura et al. [93] investigated the recrystallization behavior of two Cu
alloys, which containing coherent and incoherent precipitates respec-
tively, deformed from 723 to 973 K at true strain rates between
41 x107*and 3.2 x 1072 s~ !, DRX took place more easily in Cu con-
taining incoherent precipitates than in the other alloy with coherent
particles, due to the stronger interaction between dislocations and the
coherent particles. However, the transformation of the coherent
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precipitates into incoherent ones can be realized by the spread of re-
crystallization at larger strains.

The effect of fine second-phase particles on DRX varies depending on
whether they exist before the onset of recrystallization, form during the
progress of recrystallization, or after the completion of recrystallization.
During DRX where concurrent precipitation takes place, the recrystalli-
zation driving force and the Zener pinning force are evolving with time.
According to the classical Zener pining theory, the size and spacial dis-
tribution of the particles are assumed to be uniform which is never
the case in reality. Precipitates might dissolve into solution and re-pre-
cipitate again later, such as during the weld thermal cycle during friction
stir welding (FSW) where CDRX is often an important mechanism for
grain refinement [94]. Due to these complexities, numerical models
are developed to help understanding the effect of second-phase parti-
cles on DRX [85], which will be discussed in more detail in the following
sections.

2.3. Characterization of DRX

When analyzing DRX processes, it is routine work to examine,
among the others, the flow stress curve, the onset of recrystallization,
the recrystallized grain size, recrystallized fraction and/or the evolution
of the distribution of LAGB and HAGB misorientations. A systematic de-
scription on the characterization of DRX is, however, still missing in the
literature. In what follows, the characterization of key quantities used to
describe DRX processes is addressed, including some of the recently
emerged techniques. The standard preparation procedures for the met-
allography are not included in this review since it is not unique to DRX.

Alot of information can be obtained by just looking at the flow stress
curves during DRX. One should take care of the possible deformation
heating generated during tests at fast strain rates. Only relatively small
homogeneous deformation can be reached by tensile and compression
tests, after which necking or barreling may take place. The torsion test
can normally give very large deformation, and the stress-strain curve
is usually converted from the torque-twist data through the Fields and
Backofen method [95], which is not above criticism neither [96,97]. Dur-
ing DDRX, the peak and critical strains depend on the Z parameter and
the ratio of critical strain to peak strain was empirically found as ~0.5-
0.8 [1]. Poliak and Jonas developed a very accurate method to detect
the onset of DRX using the double-differentiation technique [98],
which was in principle based on concepts from thermodynamics of irre-
versible processes. This approach was subsequently simplified by
Najafizadeh and Jonas [99]. The steady state recrystallized grain size
can be predicted once the associated flow stress is known, using the
Derby relationship discussed in Section 2.2.3. As will be discussed in
later sections, a few model parameters, e.g., the parameters in the
work hardening model, can be derived from the flow stress curve.

In terms of recrystallized grain size and recrystallized fraction for
DRX, they are usually characterized by optical microscopy, SEM with
EBSD, or TEM. A detailed work on quantitative metallography of SRX, in-
cluding the nucleation kinetics, growth rate of recrystallizing grains etc.,
can be found in Ref [100]. A full description of the characterization of
DRX is still missing in the literature. When the recrystallized grains
are too small or they become unidentifiable with the old deformed
grains, the use of EBSD or TEM is necessary. The advantage of EBSD
and TEM techniques is that they can reveal the substructure inside the
deformed grains, and thus makes it possible to distinguish the recrystal-
lized and non-recrystallized grains using criteria combining grain size,
grain shape, misorientation inside the grains, etc. A review on character-
izing deformation strain, i.e., deformed or non-recrystallized grains,
with different methods using EBSD was given in Ref [101]. It should
be noted that, when preparing the thin sample for TEM analysis, care
should be taken to avoid deforming the sample. When making compar-
ison with literature data on recrystallized grain sizes, attention should
be paid to whether the grain sizes involved are of 2D or 3D nature,
they should be converted to the same type if they are not consistent. It

is beneficial to have relatively large initial grain size for studying DRX
since it is easier to distinguish the recrystallized grains from the de-
formed old grains just according to their difference in size. However, it
should be noted that, when processed in the same conditions, the
onset of DRX takes place later and recrystallization Kinetics is slower
when the grain size is larger. This might pose a problem if the fully re-
crystallized state, which requires a large deformation that is usually
not matched by conventional mechanical testing method, is of interest
since strain localization or fracture of the sample usually occurs prior
to that. The recrystallized area fraction can be directly considered as vol-
ume fraction according to stereographic principles [102,103]. Another
point to consider for characterizing the recrystallized grain size and re-
crystallized fraction is the quench delay after the termination of defor-
mation, which is particularly important when deformation is
performed at high temperature with large strain rate. In these condi-
tions, PDRX takes place without incubation time and can complete
within 2 s, which is usually the minimum time needed to quench the
sample below the recrystallization temperature. For this reason, the re-
crystallized fraction or softening fraction is also frequently estimated by
indirect methods such as double hit experiment [ 104-106], or stress re-
laxation experiment [107].

The evolution of LAGB misorientation is also an important aspect to
examine during CDRX. Its characterization usually requires TEM and/or
EBSD. The subgrains are typically equiaxed micron-sized volumes
bounded by thin dislocation walls, i.e., LAGBs. The variation of the mis-
orientation of these LAGBs has been mostly characterized by diffraction
in the TEM before the emergence of EBSD, where only a small number of
misorientation measurements were usually made, and they are thus
criticized as lacking statistical reliability. Depending on the grain orien-
tation, solute, initial grain size and deformation temperature, deforma-
tion and microshear bands [1], which form major nucleation sites for
recrystallized grains, might form even during hot deformation. More
importantly, a high misorientation usually develops across the deforma-
tion and microshear bands, which should be distinguished from the
progressive increase of subgrain boundaries misorientation.

In terms of advanced characterization of recrystallization, conven-
tional EBSD with automated focused ion beam (FIB) [108-110] or man-
ual [111] serial sectioning to reveal full 3D microstructures, however
most of the studies are focused on SRX [109,111,112]. During DRX, the
recrystallized grains are usually small, which makes it more difficult
for the 3D reconstruction after serial sectioning. The 3D X-ray diffraction
(3D-XRD) method, which is a synchrotron X-ray technique emerged
over the past decade, has been used to resolve the nucleation and
growth of individual recrystallization nuclei during SRX, as illustrated
for deformed AA 1050 [113]. In-situ observation of DRX at has been con-
ducted using a confocal scanning violet laser microscope [114], trans-
mission polarized light microscopy [115], X-ray diffraction patterns
[116], Electron Channeling Contrast Imaging (ECCI) [117], and by re-
cording the microstructure evolution in video format [118]. The in-situ
EBSD studies on microstructure evolution during both hot deformation
and annealing were reviewed by Wright and Nowell [119]. In terms of
hot deformation, most of the studies are focused on small strains
[120], the increasing surface roughness of the sample makes it difficult
to index the microstructure using EBSD at large strains. The effect of
the free surface on recrystallization behavior is also of concern during
these in-situ studies. However, from a number of preliminary in situ
hot-tensile experiments on Al alloys, it has been shown that the in situ
experiments on Al alloys are consistent with what is observed using
bulk materials [121].

3. Discontinuous dynamic recrystallization
3.1. Introduction

When it is not specifically pointed out, DRX refers in general to the
conventional DDRX process which has clear nucleation and growth
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Fig. 3. Schematic illustration of the typically observed experimental characteristics of DDRX with changes in deformation conditions (T, £) and initial grain size (Dp): a) and b) stress-strain
response showing the transition from single to multiple peaks; c) The necklace structure during DDRX; d) Effect of deformation conditions and initial grain size on recrystallization
kinetics; e) evolution of average grain size depending on the initial grain size Do; f) evolution of average grain size depending on deformation conditions. Note that a steady-state size

Dy is reached in e) and f).

stages. DDRX usually occurs during hot deformation of low to medium
SFE alloys. Alloys that undergo DDRX exhibit a number of general char-
acteristics which are well-established by experiment; they are schemat-
ically illustrated in Fig. 3 and can be summarized as follows:

i) Acritical strain &., somewhat lower than the peak strain &, must
be reached before DDRX occurs [122,123]. Both this critical strain
and peak strain decrease steadily with decreasing Zener-
Hollomon parameter [124].

ii) Depending on the deformation temperature, applied strain rate
and initial grain size of the material, single peak or multiple
peaks may be observed in the stress-strain response. The steady
state stress is correlated to the Zener-Hollomon parameter, and it
is independent of the initial grain size [125]. (Fig. 3a and b)

iii) Nucleation of DDRX is usually initiated at pre-existing grain

iv

—

—

boundaries, a necklace structure [126] of equiaxed grains forms
when there is a large difference between the initial grain size
and the recrystallized grain size (Fig. 3c).

Recrystallization kinetics accelerates with decreasing initial grain
size [125,127] and strain rate, as well as increasing deformation
temperature [124] (Fig. 3d).

During DDRX, the grain size evolves toward a saturation value D;
which then does not change as recrystallization proceeds. Either
grain refinement or grain coarsening takes place depending on the
initial grain size and deformation conditions [128]. A power-law re-
lationship between the steady-state grain size and Zener-Hollemon
parameter (or stress) is usually observed [12,125,129], even though
deviation at high Z values was also observed [124] (Fig. 3e and f).
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3.2. Mechanisms

3.2.1. Work hardening and DRV
In this section, we start with a brief overview on work hardening and
DRV, the details of which are out of the range of this review, interested
readers are referred to Refs [46,1]. The occurrence of DDRX depends on
the accumulation of dislocations in the deforming materials. Two com-
peting processes take place simultaneously: the continuous generation
of dislocations during deformation, i.e. work hardening, and DRV in
the form of dislocation annihilation:
dp dpt dp~
de = de | de ©
The critical dislocation density can be reached for materials with low
¥ske Since DRV is less rapid, as detailed in Section 2.2.1. This leads to the
onset of DDRX [131-134], where nuclei will form on grain boundaries or
other internal crystal defects such as shear bands, deformation zone
around large particles, i.e., the sites associated with large stored energy.
The variation of the dislocation content and structure is the most sig-
nificant change occurring during DRX. The dislocation density is often
related to the flow stress according to:

0 =09 +ouMby/p (7)

where 0y is a frictional stress, « a constant depends on the geomet-
rical arrangement of the dislocations, t the elastic shear modulus, M the
Taylor factor and b the Burgers vector. The dislocation density,p, is usu-
ally considered as a single parameter for materials with low ysgz [3,135],
meaning that p can reasonably be considered as homogeneously dis-
tributed. This is not the case for high ysg: materials, as will be discussed
in Section 4. The dislocation density of typical metallic materials in fully
annealed state is ~10'" m ™2, which increases to as high as ~10'® m~2 if
the materials are heavily deformed [1]. Such changes are of great impor-
tance in industrial practice, and for the understanding of the subsequent
DDRX processes. The evolution of p is widely described by the Kocks-
Mecking (KM) model, which reads in its original form as:

dp dp* dp~ _
%—EJFE—IQ\/IG kop (8)

The storage term, k;./p, is related with the athermal storage of
moving dislocations. The basis of dislocation storage is that during
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Fig. 4. Schematic diagram of the dislocation density variation at a dynamic
recrystallization front (Reproduced with permission from Elsevier [133]).

deformation a given mobile dislocation travels a distance proportional
to the average spacing between the dislocations 1/,/p. This is mean
free path of dislocations (L). The first term on the right side in Eq. (8)
is equivalent to dp*/de=1/bL, or dp*/dt = &/bL. The annihilation
term, k,p, is associated with DRV, a process that is thermally activated
so it is not surprising that k; is dependent on temperature and strain
rate. A more complicated theory, considering the energy barrier for dis-
location annihilation, has also been presented to predict the dislocation
annihilation rate in pure metals [136]. Three conventionally used equa-
tions for predicting the dislocation density evolution, including the KM
equation, describing strain hardening and DRV, were compared by
Montheillet et al. [137]. It is worth noticing that, even during hot defor-
mation, static recovery of the Bailey-Orowan type, in which the annihi-
lation of dislocations is proportional to the deformation time, was also
included as a third term in Eq. (8): r/& [138], which is equivalent to
dp/dt= —r, where r is the static recovery coefficient. The assumption
that DRV is prevalent for most of the applications is, however, employed
in most of the cases, i.e., the static recovery term is usually neglected.

At constant temperature and strain rate, the work hardening and
DRV of metallic materials with low SFE can in general be described
using the equations listed above. In variable TMP conditions, which
are frequently observed in industrial practice, using only one dislocation
density as state variable is not able to accurately predict the microstruc-
ture evolution [46,130,139], this will be detailed in Section 3.3.3.

3.2.2. Grain boundary migration

The basic process during the migration of HAGBs can be considered
as a transfer of atoms adjacent to the boundary, from the shrinking grain
to the growing grain [140]. It is generally accepted that a grain boundary
moves with a velocity (v) in linear relation with the effective pressure
(Pgg) applied on the boundary:

V= mPgy 9)

withm = mg exp(— %), the boundary mobility, where mg is a pre-expo-
nential factor, Q the apparent activation energy, R the gas constant. The
effective pressure Pgy is the sum of the driving pressure (Pp) and a
retarding pressure (Pg).

Pp =Ep = (p,—p1)T (10)

where 7 is the energy per unit length of dislocation line. Even though re-
lationships between driving force and grain boundary migration other
than (9) were proposed, recent work [141-143] has confirmed that re-
lationship (9) holds for the average grain boundary migration. The grain
boundary mobility was shown to be strongly dependent on crystallog-
raphy, i.e. misorientation of the adjacent grains and orientation (inclina-
tion) of the GB in a crystal [143-144]. More details on the mechanisms
of grain boundary migration can be found in Refs [ 145,146]. The effect of
second-phase particles and/or solute atoms on grain boundary migra-
tion will be discussed in Section 3.3.2.

3.2.3. Nucleation of DDRX

If DRV is not rapid enough to annihilate the dislocations created dur-
ing work hardening, the dislocation density will keep increasing until a
critical DDRX condition, at which the first group of nuclei forms. The
critical strain (2PRX) is usually used to identify this critical condition, in-
stead of the critical dislocation density (p2P*). The reason is that e2°%%
can be empirically related to the peak strain (e5”*), which is easy to
capture from the flow stress curve; typically one finds a relationship
of the type:ebP®* = AeDP®X, where A is a material constant, this value
was found to be ~5/6 [147], but later experiments show that it varies be-
tween 0.2 and 0.8 depending on the investigated material. The lower
limit of the value was found in polycrystalline copper where the DDRX
grains are formed at the triple junctions or non-equilibrium grain
boundary junctions [148,149]. The nucleation on serrated grain
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boundaries usually starts at a higher strain with A around 0.6-0.8 [129,
150]. Several other attempts have been made to predict the initiation of
DDRX through the flow stress analysis, among them the one proposed
by Poliak and Jonas [98] and its simplified version [99] are most widely
used. It is important to note that the é&2°% identified by this method is
not the strain at which the first nuclei appear, but the strain at which
a small fraction of recrystallization (1-5%) takes place, this fraction is
needed to have a detectable effect on the flow stress [151]. This ap-
proach is however still of empirical nature. Below we now examine
the nucleation process in a more analytical way.

It is generally accepted that nucleation during DDRX can be initiated
through SIBM, which is first reported by Beck & Sperry [22] and subse-
quently studied by Bailey and Hirsch [27]. This type of theory was first
developed based on the observations during SRX, where no further de-
formation is applied to the areas behind the moving HAGBs. During
DDRX, the areas swept by the HAGBs undergo continuous deformation
and dislocations keep accumulating in these areas. Sandstrom and
Lagneborg [132] proposed a semi-quantitative approach by assuming
that DDRX is only possible when the grain boundary migration rate of
the potential nucleus is high in relation to the rate of building of disloca-
tions behind it. Following their model, Roberts and Ahlblom [133] fur-
ther analyzed the critical condition for DDRX without second-phase
particles. As shown in Fig. 4, the high angle boundary is migrating
from left to right into unrecrystallized material with a high dislocation
density of (png) with velocity of x. The dislocation density of the poten-
tial nucleus behind the moving boundary drops to a minimum value,
however, concurrent deformation of the material raises the dislocation
density behind the moving boundary following some function p(x),
tending towards a critical dislocation density value of p2PRX,

To begin with a simple case, a spherical nucleus of radius ris consid-
ered. The driving force for the grain boundary migration is related to the
dislocation density difference, i.e., stored energy difference across the
boundary. Since the dislocation density is uneven behind the moving
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Fig. 5. Schematic graph showing the nucleation of DDRX grain [154]. (a) Boundary
corrugation accompanied by the evolution of sub-boundaries. (b) Partial grain boundary
sliding/shearing, leading to the development of inhomogeneous local strains. (c¢) Bulging
of parts of a serrated grain boundary accompanied with the evolution of dislocation sub-
boundaries or twinning, leading to the formation of a new DDRX grain (Reproduced
with permission from Elsevier [155]).

boundary, the radial average of the dislocation density is considered,
and the difference in stored energy is:

aE =7 [ (o=l (11)

where 7is the dislocation line energy. The net free energy change related
to nucleation is:
4 5 7" 5

a6 = =311 [ (w—p()ax-+ dmryey (12)
where ygp is the grain boundary energy per unit area. The variation of
dislocation density behind the moving boundary was first estimated
by neglecting DRV, and according to Section 3.2.1, the dislocation stor-
age can then be estimated as:
dpo dp* ¢
dt = dr " bL 13

As discussed earlier, the grain boundary migration can be expressed
by combining Eqgs. (9) and (10):

dx

a- V- mPgy = m7(pyg—p(x = 0))=mTppg (14)

Dividing Eqgs. (13) by (14) gives

o &

dx — bLmTpyg (15)
And then
O J—_—, (16)
P = bLmTppg

Substitution of Eqs. (16) into (12), and differentiation to find maxi-
ma inAG(r) leads to:

2, &

—TcTPNR + 3 e bLmpyg +2Ye =0 (17)

which gives a real critical size r. only if

16&y6p 13 DDRX
pNRZ <3bLmT2 = pcr (18)

This critical dislocation density is not likely to be real since a sphere
nucleus was considered during the development of Eq. (18). There is
good evidence that DDRX is initiated by bulging of pre-existing grain
boundaries. By replacing the sphere in Eq. (12) with a bulging nucleus,
we find instead

20éyg\ "’
PR — ( 7(;3) (19)

3bLmT?

If DRV is considered according to Eq. (8), no analytical solution can
be found for the critical dislocation density, and this value must be ap-
proximated through an iterative method, this was treated in Refs [152,
153]. Still considering grain boundary bulging as the only mechanism
for nucleation of DDRX, Cram et al. [3] proposed that nucleation of
DDRX takes place once the subgrain located on a grain boundary
reaches a critical radius. This will be further discussed in Section 3.3.

DDRX was also observed to occur through grain boundary bulging/
sliding [154,155], in a way similar to the mechanism involved in CDRX
in an earlier observation [156]. During plastic deformation, fluctuations
in boundary shape are produced because of the incompatibilities
between grains. The developed fluctuations prevent further grain
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boundary sliding or shearing, dislocations then accumulate leading to
high dislocation density gradients followed by subgrain formation
near the original grain boundaries, as illustrated in Fig. 5a. Local concen-
tration of strains is developed owing to the continuous deformation,
and partial grain boundary sliding or shearing takes place, resulting in
additional inhomogeneous strain (Fig. 5b). Under low temperature or
high strain rate deformation, strain induced subgrain boundary can
then be formed. In contrast, twinning is favoured under high tempera-
ture or low strain rate deformation. As shown in Fig. 5¢, the DDRX nucle-
us will form by the bulging of a part of the serrated grain boundaries
assisted by the additional inhomogeneous strain. To the best knowledge
of the authors, DDRX by grain boundary sliding has not been quantita-
tively expressed at this moment.

Except for these two generally accepted theories, other new nucle-
ation mechanisms were only occasionally discussed in the literature.
These mechanisms usually can only be applied to certain conditions
and thus suffer from lack of generality. For instance, a so called
heteroepitaxial dynamic recrystallization (HERX) was found in the
commercial y- ' nickel based super alloy deformed under sub-solvus
conditions, with the combination of Energy Dispersive Spectrometry
(EDS) and EBSD mapping technique [157]. A coherent vy shell is first
formed prior to deformation on the primary precipitates y' (due to
phase transformation), which subsequently behaves as recrystallization
nucleus during hot deformation. The nucleus then grows coherently
with the parent ' precipitate.
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Fig. 8. The subgrain size distribution within each grain of average radius 7. The hatched
area represents the fraction of subgrains larger than the critical size rc (Reproduced with
permission from Elsevier [3]).

It follows that most of the investigations are focused on the mecha-
nism by which the first recrystallized grains were formed at pre-
existing grain boundaries. The nucleation mechanisms explaining the
progress of DDRX after the prior grain boundaries were entirely occu-
pied with new grains are mostly left unexploited, only a limited pub-
lished work exists in the literature on these aspects [158-162].
Brunger et al. [159] observed fractions of 20% of twins at the interface
between initial grains and dynamically recrystallized grains using TEM
observation when austenitic steel alloy 800H was compressed to a
strain of 0.49 at 1100 °C with strain rate of 0.1 s~ '. This indicates the im-
portance of twinning for the nucleation of DDRX. The twin frequencies
at the front of the recrystallized regions and in the center of such regions
were quantitatively compared by Wang et al. [ 160], it was observed that
the twin frequency was higher at the recrystallization front where the
twins are most recently created and thus less affected by deformation.
This confirms that twinning is an active nucleation mechanism during
DDRX process, and the increase in DDRX volume fraction occurring
through the formation of multiple twinning chains drives the continu-
ous progress of the recrystallization front. This is illustrated by the
case of austenitic Ni-30% Fe model alloy investigated within the DDRX
regime using hot torsion testing, by Hodgson et al. [161]. They con-
firmed that in the necklace mechanism, the subsequent DDRX layers

nucleus
Graln |

Fig. 7. Schematic illustration of a subgrain growing (left) and once it reaches the critical size (right) bulging into the deformed matrix as a new strain-free grain [173] (Reprinted with

permission from Elsevier [3]).
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Fig. 9. Illustration of mobile surface fractions (a) as related to a recrystallized representative grain (y**), and (b) as related to a non-recrystallized representative grain (y"X) (Reprinted

with permission from Elsevier [153]).

after the first one appear through the repeated nucleation and growth of
annealing twins on the migrating interface.

3.3. Numerical models

3.3.1. Constitutive, analytical and empirical models

There are a vast number of DDRX models existing in the literature, a
large part of them belong to the constitutive, (semi-)analytical and em-
pirical models [163-166]. In these models, physically based nucleation
law and grain boundary migration driven by stored energy difference
are usually not considered, instead, the Avrami formalism (JMAK ap-
proach [167-170]) or modified Avrami approach [171] is used to de-
scribe the kinetics of DDRX. The yield stress, steady state stress, as
well as the critical stress for the initiation of DDRX is usually dependent
on the Zener-Hollomon parameter Z through empirical equations. Only
the final recrystallized grain size can be predicted since it is also depen-
dent on the Z parameter, i.e., it is not possible to know the grain size
evolution.

Modeling of a processing step may need several constitutive func-
tions depending on the complexity of the flow curves. Moreover, for
multistep processes, altered constitutive constants may be needed for
different passes, due to inter-pass softening. This points out the need
to incorporate microstructure concepts into the constitutive models.
In the following sections, focus will be given to physically based models
where the three minimum ingredients to build a DDRX model are all in-
corporated: work hardening and recovery (stored energy), nucleation
law, grain boundary migration law.

3.3.2. Physically based DDRX models without considering second-phase
particles

The research in DDRX is mainly driven by the requirements of metal
forming industry where quantitative and physically based models are
needed to design, control and improve the microstructure and mechan-
ical properties of the final products. From the large number of existing
models [3,152,153,172], focus is given to those with physically based
nucleation law and proved prediction capabilities in terms of strain-
stress curve, recrystallized fraction and grain size, which together char-
acterize the DDRX process.

The DDRX process has been modeled and validated with experimen-
tal data in literature by Cram et al. [3]. In their model, the polycrystal
metal is represented by a set of spherical grains embedded in a single
homogeneous matrix whose properties are obtained by averaging all
the grains in the aggregate, as illustrated in Fig. 6. Each grain is defined
by its size, Taylor factor, dislocation density and subgrain size
distribution.

A novel aspect of in this model is the proposed nucleation law during
DDRX. Grain boundary bulging was considered as the only mechanism.
It was assumed that nucleation takes place when a subgrain located on a
grain boundary reaches a critical radius, r, which corresponds to the
moment when the stored energy difference between the growing
subgrain in grain I and deformed matrix in grain Il is large enough to
overcome the capillary force of the subgrain, as shown in Fig. 7.

The subgrain size distribution in each grain was approximated by a
Rayleigh distribution [174], as illustrated in Fig. 8. The subgrains with
a size greater than the critical size will have the potential to nucleate,
but only those lying on the grain boundary can eventually grow as nu-
clei. The average subgrain size within each grain evolves with deforma-
tion, with a tendency to increase due to subgrain growth and an
opposite tendency to decrease due to the increase of stress. Meanwhile,
the stored energy driving nucleation also changes during deformation.
This means the number of subgrains that can grow as real nuclei in
each grain also changes with deformation.

The prediction power of the model was tested against literature data
on DDRX in pure Cu with different initial grain sizes, deformation tem-
peratures and strain rates. The key features that characterize DDRX,
such as single to multiple peak stress transitions with increasing defor-
mation temperature and decreasing strain rate, unique steady-state
stress and grain size with different initial grain sizes, and power-law re-
lationship between stress and grain size, are reproduced in a quantita-
tive way by the model [3]. This model was further developed by the
same authors by considering the effects of solute atoms [175], as will
be discussed later on.

A two-site mean model of DDRX was proposed by Logé et al. [152,
153,176]. The model considers all key elementary physical phenomena
at the grain scale involved during hot deformation, including work
hardening and recovery, nucleation and grain boundary migration, as
detailed in Section 3.2. A set of representative grains, defined by their
size and dislocation density, is used to represent the real microstructure.
The surrounding of the representative grains is idealized using two ho-
mogeneous equivalent media (HEM) with different dislocation densi-
ties, as schematically shown in Fig. 9. Topological information is
partially incorporated into the model by considering the relative weight
of these two HEM as a function of their volume fractions. A physically
based, non-constant nucleation law was used. Nucleation takes place
at grain boundaries once the critical dislocation density, which takes
DRV into account and thus differs from Eq. (19), is reached for any de-
formed grain. During nucleation, the number of created recrystallized
grains depends on the size and dislocation density of the deformed
grain. This approach differs from other mean field models using only
one equivalent medium [3,172] where the heterogeneous microstruc-
tural effects such as necklacing are not captured. The model is applied
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to the prediction of DDRX in 304 L austenitic stainless steel. Good
agreement with experimental data has been obtained at different tem-
peratures and strain rates, in terms of recrystallization kinetics, recrys-
tallized grain size and stress—strain curve.

3.3.3. DDRX models considering the effects from solutes and second-phase
particles

Besides the above mean field models, a novel method based on
thermostatistical approach was developed to describe hot deformation
of FCC alloys undergoing DDRX [177]. Nucleation of recrystallization is
activated once a critical incubation strain for recrystallization is applied.
The dislocation density evolves with strain using a function taking into
account the deformation temperature, strain rate and composition. In
this model, multicomponent effects are incorporated into the equation
to account for solid solution strengthening, as well as their effect on re-
crystallization. The model is tested against experimental data in terms
of stress—strain curves of six different alloys, at intermediate and high
temperatures. The proposed theory successfully describes the dynamic
recrystallization behaviour of these alloys in terms of stress-strain
curves. The effect of the initial grain size on recrystallization kinetics is
not included in the model, since it only describes the coarse-grain or sin-
gle crystal case. The evolution of the recrystallized grain size and recrys-
tallization fraction was considered separately in later works [178,179].
The effect of solute drag on recrystallization during hot deformation of
Nb microalloyed steels has been studied and simulated using a micro-
structure model by Bicke [180]. The investigations were focused at tem-
peratures where precipitation of Nb(C, N) do not occur. In this model,
subgrains are formed during deformation, and their sizes decreases
with increasing deformation. DRV is retarded by solute atoms, and the
driving force for grain boundary migration is reduced by both the
Zener pinning and solute drag. Nucleation of recrystallization is trig-
gered once the subgrains reach a critical size. The numerical results
were compared to experiments, and it was shown that the calculated
flow stresses for compression tests showed good agreement. However,
the evolution of grain size was not presented, even though it can be pre-
dicted by the model. In terms of microstructure evolution, a series of
Cu—Sn alloys has been used to investigate the effect of solute on
DDRX by Cram et al. [175]. In this study, hot compression tests were
conducted and the microstructure was characterized using optical and
scanning electron microscopy. The qualitative effects of the solute addi-
tions on DDRX agree with the reported general observations [78-80].
The physically based model for DDRX of pure Cu [3], detailed in
Section 3.3.1, has been extended to include the effect of Sn solute
atoms. The effect of solute on the plastic response of the material and
the mobility of HAGBs was incorporated. It was concluded that Sn also
retards the nucleation of DDRX, and this was realized in the model by
considering that Sn atoms may segregate to the dislocations in the
subgrain boundary, while their binding with the vacancies that mediate
the subgrain motion retards the kinetics. With all these effects, the
model predicts well the stress-strain curves and the microstructural
evolution at most of the processing conditions, except at lower temper-
atures with higher strain rates where the model overestimated the
stress. Further work is needed to clarify this lack of discrepancy.

The effect of precipitation on recrystallization is more frequently in-
vestigated and simulated for SRX, e.g., [181-185]. As for DDRX, a 3-D
cellular automation model of DDRX, considering Zener pinning from
fine dispersoids (« 1 um) in copper, was developed by [186]. In the pro-
posed model, the microstructure is only resolved at grain scale which
means subgrains and particles are not explicitly modeled. The particles
are introduced into the model in a statistical sense and the effect of par-
ticles was limited to retardation of grain boundary velocity. Since diffu-
sion is much faster along dislocation lines, it will take place first at
HAGBs and then LAGBs. The lack of particle-(sub)grain interaction
[187,188] makes this model less versatile for application to other parti-
cle-containing alloy systems. Nucleation of recrystallized grains is de-
scribed by a constant rate of nucleation, i.e., it is assumed to be

unaffected by particles in the model. It is well known that recrystalliza-
tion is retarded by fine particles, as discussed earlier in Section 2.2.4. Ac-
tually these fine particles may also determine the orientations of nuclei,
a fact that is widely studied in SRX of Al alloys [189,190]. Another model
for precipitation interactions with DDRX is presented by L'ecuyer and
L'espérance [85]. It is based on existing DRX models, but modifications
have been performed to consider the pinning effect of precipitates.
This leads to an increase of the critical dislocation density for the onset
of DDRX, and also a decrease of the HAGBs velocity when compared to
precipitate-free systems. Simulations have been carried out and com-
pared with experimental results obtained on an Mo-bearing steel com-
pressed at 875 °C. Qualitative agreement is found. Again, only the
potential delaying effect of precipitates on HAGBs migration was con-
sidered using the Zener pinning theory. The evolution of precipitate
size was neglected, only the evolution of volume fraction of the precip-
itates was considered. Dislocations play an important role on the precip-
itation kinetics and both pipe diffusion and nucleation on dislocations
are considered. Even though the inhomogeneous dislocation substruc-
ture was considered when calculating the precipitation volume fraction,
i.e., high dislocation density in subgrains walls and considerably less dis-
locations in the subgrain interior, the fact that precipitation takes place
on subgrain boundaries was not considered when calculating the Zener
pinning retarding force.

3.3.4. DDRX models in variable/multi-stage conditions

Most metallic products undergo hot working like rolling, forging and
extrusion etc. during some part of their processing history. Industrial
hot working practices rarely take place at constant strain rate and tem-
perature. For instance, during hot rolling, the rolls have lower tempera-
ture than the billet and thus chill the surface of the billet. Meanwhile,
the strain rate varies with the strain from entry to exit of the roll
[191]. However, when the strain rate is changing continuously or in-
stantaneously, clear deviation from the mechanical equation of state
has been reported [61] even when recrystallization is absent. In addi-
tion, hot deformation passes are usually separated by intermediate
heat treatments, leading to the so called multi-stage hot deformation
where DDRX, SDX and PDRX can all take place. DDRX under changing
deformation conditions including changes of strain rate, strain path
and the effect of intermediate annealing was experimentally studied
[70]. Numerical models of DDRX applied in variable conditions are sum-
marized below.

Let us start with the case where DDRX takes place in variable TMP
conditions. As mentioned in the previous sections, most of the DDRX
models were developed and validated in constant conditions, they are
not sufficiently general to model the transient loading conditions in
which the strain rate or temperature is not constant. Although this
topic has been studied experimentally in terms of stress-strain behavior
and microstructure evolution, most of the models are focused only on
the former aspect. In a rare case, a preliminary multiscale hot-working
model was developed by Takaki et al. [ 192]. Both macroscopic mechan-
ical behaviors and microstructural evolution were captured by coupling
the finite element (FE) method and the phase-field (PF) method, firstin
constant conditions. Transient deformation simulation, where strain
rate and temperature rapidly change during deformation, was then con-
ducted using the multi-phase-field-dynamic recrystallization (MPF-
DRX) model. Qualitative agreement with experimental observation
has been reached in terms of the evolution of the stress-strain curve,
and the average grain size. DDRX models applied to other complex var-
iable conditions such as non-uniform deformation, two-phase material,
strain path change [193,194] etc. is out of the scope of this review.

The second topic, i.e., recrystallization in multi pass conditions, is ex-
amined below. The different recrystallization regimes, i.e., DDRX, SDX
and PDRX, are all important in multi-stage and should be considered
carefully in industrial practice. There are only a few models that can
track microstructure evolution in such conditions [151,195]. Roucoules
et al. [151] developed a mathematical model to describe the
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recrystallization behavior during and after hot deformation of austenite
where dislocation density was employed as the single internal variable.
The model successfully predicted the post deformation recrystallization
behavior by varying the process variables such as strain, strain rate and
temperature. Unfortunately, experimental data were not explicitly in-
corporated in the tuning data set. Recently, a novel model which in-
cludes as internal state variables both dislocation density and spacing
between geometrically necessary subgrain boundaries, was developed
by Brown and Bammann [196]. The model predicts both SRX and the
DRX. However, little or no attention has been paid to the grain size evo-
lution during different recrystallization regimes for these models [151,
197]. Based on a physically-based two-site mean field DDRX model
[152], microstructural evolution due to recrystallization during and
after deformation was modeled by Beltran et al. [152]. The model is
able to predict all the key features of recrystallization process including
the recrystallized fraction, recrystallized grain size, and flow stress of
304 L austenitic stainless steel during DDRX and PDRX. The model was
validated by experimental data, and good quantitative agreement be-
tween model predictions and experimental results has been reached.
Another model that allows the simulation of multi-stage deformation
and predicts recrystallized fraction, grain size and flow stress was devel-
oped using the Cellular Automata approach [197].

3.3.5. Summary

This is by no means a comprehensive review on all DDRX models
existing in the literature, rather it highlights only the models that can
be implemented into finite element softwares to consider the micro-
structure evolution in any real industrial process, i.e., analytical and em-
pirical models, and physically based statistical models at the grain
structure scale. The current status of various approaches to modelling

recrystallization was summarized by Hallberg [198], where discrete
methods such as cellular automata [135,197,199] and Monte Carlo
models [200,201], phase field [202,203] and level set [204,205] models
of recrystallization, that are not covered in this review, were examined.
In recent years, full field models e.g. [206] which cover the crystal plas-
ticity and microstructure evolution are also developed for DDRX. The in-
terpretation of simulation length and time scales in cellular automata
and Monte Carlo models is still of challenge, while it is often computa-
tionally expensive for phase field, full field and level set models.

It is the current authors' view that an ideal DDRX model should be
able to predict, with affordable computational resource, the flow stress
curve, evolutions of grain size, recrystallized fraction and crystallo-
graphic texture. While many of the existing DDRX models are able to
deliver the former three quantities in constant deformation conditions,
suitable models that can be used to predict the texture evolution during
DDRX are rare. Some attempts have been made to deal with texture is-
sues during DDRX [207-209], however, the evolutions of the other three
key quantities used to characterize DDRX are essentially not addressed.
Texture control in industrial practice is of great importance for most of
the materials due to the significant effect of texture on properties. It is,
however, generally accepted that DDRX has the effect of randomizing
the texture.

Besides the texture aspect, the importance of twinning for the nucle-
ation of DDRX at large strains approaching to the steady state, which has
been observed experimentally for different materials [126,155,210], has
not been addressed so far in the existing models. When second-phase
particles are involved, their spatial distribution and evolution in size
and number density with deformation should be considered. Of equal
importance is their retarding effect on grain boundary migration and
nucleation of recrystallization, bear in mind that there is little evidence
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Fig. 11. SEM micrographs and associated misorientation maps of the monocrystalline specimens deformed to € = 1.5. The single crystal of pure 1199 aluminium has a (001) parallel to
the compression axis which is the vertical direction in this figure (Reproduced with permission from Elsevier [213]).

of PSN during DRX, as discussed already in Section 2.2.4. To take all
these aspects into account while still keeping the DDRX model simple
is quite challenging during variable deformation conditions, but this ap-
pears to be mandatory for industrial metal forming processes applica-
tions at high temperature.

4. Continuous dynamic recrystallization
4.1. Introduction

In recent years, it has become evident that new grains with HAGBs
may be formed during deformation by the progressive rotation of
subgrains according to Perdrix [211] and Montheillet et al. [212,213].
In such cases, the microstructure evolves relatively homogeneously
throughout the entire material, without recognisable nucleation and
growth of the recrystallized grains, and this phenomenon thus falls
into the phenomenological classification of CDRX [1]. CDRX is much
less investigated as compared to DDRX, since it has long been claimed
that DRV is the only softening mechanism in high SFE metals. The
time consuming TEM diffraction measurements needed to characterize

the misorientation before the emergence of EBSD technology is another
obvious reason [4]. Besides, the large deformation needed to complete
or even initiate CDRX usually cannot be matched by general laboratory
compression, or tensile tests. SPD is more often needed. Actually, most
of the studies on CDRX in the literature are related to SPD techniques
like ECAP, HPT, MDF and ARB, for more details on this the reader is re-
ferred to the excellent review work by Sakai et al. [18].

The main characteristics of CDRX observed from hot deformation can
be summarized by considering the following four different aspects [1,4,
11,18,48,156,214,215]:

i) Stress-strain curve: stress increases with strain, and at large
strains a steady state stress is reached which increases with de-
creasing deformation temperature [11,143,214] and increasing
strain rate [143,216], and is independent of the initial grain size
[40], see Fig. 10a. Single peak was observed on the stress-strain
curve for Al and Mg alloys [11,48,217] while no clear peak ex-
hibits for stainless steel [40] and Copper [218].

ii) Average strain induced (sub)grain boundary misorientation: the
average misorientation increase with strain [48,219,220], and
b
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Fig. 12. Schematic diagram showing the proposed mechanism of DRX in magnesium, by progressive lattice rotation and DRV at grain boundaries [52]. (Reprinted with permission from

Elsevier [1]).
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Fig. 13. Schematic diagram showing the CDRX at intermediate temperature for Mg alloy.
For simplicity purpose, only dislocations of one sign are shown here. (Reproduced with
permission from Elsevier [11]).

low strain rates accelerate this process (when measured as a
function of strain) [221], while higher temperatures can either
increase or decrease the steady state value depending on the de-
formation temperature and amounts of alloying elements, as
shown in Fig. 2. There exist some stable orientations, for which
the increase in misorientation is not sufficient to transform into
HAGBs [213,214], as shown in Fig. 10b.
iii) The transformation of LAGBs into HAGBs is reported by homoge-
neous increase of misorientation (HIM) of LAGBs at very high
temperature, by progressive lattice rotation near grain bound-
aries (LRGB), or by the formation of microshear bands (MSBs)
at larger strains, as schematically illustrated in Fig. 10c. It is also
reported, in the early stages of deformation, that grain subdivi-
sion during hot deformation are strongly affected by the grain
orientation [222].
Crystallite size: the average crystallite size decreases with defor-
mation and reaches a “steady value” at large strains (see Fig.
10d), while some stable original grains remain even at large
strains [213,214,217]. A decrease in the initial grain size can
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Fig. 14. EBSD measurements revealing evidence of CDRX in AZ31. (a) Orientation map of the sample hot compressed to a strain of 0.6 at a temperature of 350 °C and a strain rate of 0.01 s~

accelerate the kinetics of grain refinement significantly under a
large strain deformation [40], and the strain path has little effect
on the CDRX kinetics [213].

v) Crystallographic texture: a strong crystallographic texture forms
at large strains [213,215].

It should be noted that even though there is still some debate on
whether CDRX really exists [16], CDRX is actually generally accepted
in the community [1,4,11,18,40,94,219,220,223,224]. In what follows,
the different mechanisms for CDRX presented in the literature are sum-
marized, together with the attempts to model this process. GDRX,
which has many similarities with CDRX and is sometimes classified as
one type of CDRX process [1], will be discussed separately in Section 5.

4.2. Mechanisms

4.2.1. CDRX by homogeneous misorientation increase

At relatively high deformation temperatures, a homogeneous micro-
structure usually develops, deformation or microshear bands become
less significant as compared to cold deformation. Under these condi-
tions, CDRX occurs by the progressive accumulation of dislocations
into LAGBs which increase their misorientation, and eventually HAGBs
are formed when the misorientation angles reach a critical value 6,
(6. = 15°). This mechanism has been observed in Al and Al alloys
[213,219], 304-type austenitic stainless steel at 1073-1273 K [6], and
microduplex stainless steel [220]. It is difficult to track the evolution of
individual LAGB misorientation, the distribution of misorientations of
all boundaries after different strains is usually used instead. However,
in this case the HAGBs observed after deformation did not necessarily
result from progressive increase of misorientation of LAGBs, but could
also be due to the evolution of the initial grain boundaries. It is known
that the grain boundary area per unit volume increases with deforma-
tion [1]. A simple way to disregard the latter possibility is to use single
crystal samples, an example of which is shown in Fig. 11, where single
crystal of pure Al1199 was hot compressed at 380 °C to a true strain of
1.5. It is clear that a large number of boundaries have a misorientation
>15°. A model based on this mechanism was developed by Gourdet
and Montheillet [4] and will be detailed in Section 4.3.1.

There is also evidence that the transformation of LAGBs into HAGBs
is enhanced when the boundaries are pinned by small particles, which is
used to produce fine grain structures that promote superplasticity [1].
This method involves a two-step process, i.e., prior cold and/or warm
deformation to increase dislocation density, followed by hot deforma-
tion during which subgrains form quickly. The (sub)boundaries are
pinned by small particles after a certain deformation level, and disloca-
tions are continuously trapped into these boundaries, which eventually
leads to their transformation into HAGBs [225].
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(thin white line >2°, thin black line >5°, and thick black line >15°) and (b) the cumulative misorientation along the dotted line from A to the grain boundary (Reprinted with permission

from Springer [8]).
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Fig. 15. Schematic graph showing CDRX by local lattice rotation. (a) Grain boundary
sliding, leading to the stress concentrations at the triple points; (b) Boundary bulges
formed by local migration; (c) Part sliding, and part dislocation motion, leading to
mantle formation; (d) Shear of bulges in mantle, leading to asymmetric bulges and local
lattice rotation (Reproduced with permission from Elsevier [156]).

4.2.2. CDRX by progressive lattice rotation near grain boundaries

There is evidence that CDRX can be achieved by the progressive ro-
tation of subgrains adjacent to pre-existing grain boundaries during de-
formation in certain materials, similar to the so called rotation
recrystallization that occurs in many minerals [226]. It was reported
that in magnesium alloys [52], the progressive lattice rotation occurring
at grain boundaries may lead to the formation of new grains. lon et al.
[52] proposed a simple mechanism to explain the formation of new
grains during hot deformation of Mg alloys, as illustrated in Fig. 12. De-
formation in Mgs alloy is non-homogeneous due to the lack of indepen-
dent slip systems often found in HCP structures, therefore local shearing
first develops near grain boundaries (Fig. 12a). As local shearing pro-
ceeds lattice rotation near the boundary, and DRV (Fig. 12b) also takes
place to form well defined subgrains in the boundary region (Fig. 12c).
Eventually, small amounts of sub boundary migration lead to the coales-
cence of boundaries and the formation of new grains with HAGBs.

The occurrence of CDRX for Mg alloys deformed in the intermediate
temperature range (473-523 K) was later confirmed by [11]. Instead of

simply ascribing the formation of subgrains near original grain bound-
aries to DRV, they went on by stating that the controlling mechanism
of plastic deformation and CDRX is cross-slip of dislocations with @ Bur-
gers vector on non-basal planes, as schematically shown in Fig. 13. The
cross-slip process is more activated near original grain boundary re-
gions due to the concentrated stress. During cross-slip, @ screw disloca-
tion can be transformed to an edge dislocation through the Friedel-
Escaig mechanism [227,228]. This edge dislocation can then climb,
since it lies in a non-basal plane with high SFE [229,230]. The LAGB net-
work is developed near the original grain boundary region with the help
of dislocation rearrangements by cross-slip and climb. The formation of
new grains is due to the continuous absorption of dislocations in the
LAGBs. It was also pointed out that at high deformation temperatures,
more slip systems may be activated and deformation then becomes
more homogeneous, which brings back conventional DRX (i.e. DDRX)
as the operating mechanism [11].

Microstructural features consistent with these CDRX mechanisms
were experimentally observed. As shown in the EBSD orientation map
(see Fig. 14a), a large pre-existing grain was decorated by a necklace
of dynamically recrystallized grains in AZ31 deformed at 350 °C to a
strain of 0.6. A plot of the cumulative misorientation from the interior
of the grain (point A) to the grain boundary (along the dotted line)
clearly indicates a large increase in misorientation (Fig. 14b). The devel-
opment of LAGBs close to the necklace near the grain boundary can also
be seen, examples are indicated by B and C. These LAGBs may progres-
sively increase their misorientation and transform into HAGBs upon fur-
ther deformation. Similar misorientation profiles near the grain
boundary was also observed for Mg—8Gd—3Y—0.4Zr compressed to
a strain of 0.9 at 400 °C and 0.005 s~ ! [42].

Lattice rotation at grain boundaries during deformation is not exclu-
sive to Mg alloys, it was also reported for instance in Al alloys containing
considerable solute additions such as Al—Mg alloys [214,231] and
Al—Zn alloys [231]. The microstructure evolution during hot deforma-
tion of Al—Mg was explained in the following way [156]. Grain bound-
ary sliding preferentially takes place at favorably oriented boundaries,
as schematically shown in Fig. 15a. The migration of HAGBs, driven by
the stored energy difference across these boundaries, leads to the for-
mation of serrations (Fig. 15b). Since grain boundary sliding as shown
in Fig. 15a can remove the small serrations developed, large serrations
or bulges will first be developed on non-sliding boundaries at large
strains, as shown in Fig. 15c. Once the bulges are formed, grain bound-
ary sliding can still activate on the protruded parts, and the remaining
parts of the boundary have to accommodate the strain by plastic defor-
mation, which leads to local lattice rotation and asymmetric shape of
the boundary, and finally to subgrain formation, as shown in Fig. 15d.
New grains are formed once the subgrain misorientation becomes suffi-
ciently large. It is interesting to notice that a similar mechanism has also

Microshear bands

Fig. 16. Schematic drawing of the development of (a) microshear bands at low strains and (b) the subsequent formation of new grains at their intersections and along the bands at

sufficiently large strains (Reproduced with permission from Springer [233]).
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Fig. 17. Schematic representation of the CDRX microstructure illustrating the internal
variables of the model: the mean intercept length D, the dislocation density inside the
subgrains pi, and the misorientation angles of the LAGBs. (thick lines: HAGBs, fine lines:
LAGBs). (Reprinted with permission from Elsevier [4]).

been used to explain the DDRX process, as shown earlier in Fig. 5. Dur-
ing hot deformation of Al alloys with prior cold and/or hot deformation,
the operation of grain boundary sliding along the original HAGBs during
early stages of hot deformation, followed by the increase of progressive
subgrain rotation was reported by Sakai et al. [216,232].

4.2.3. Microshear band assisted CDRX

Another mechanism of CDRX has also become apparent during SPD
to form ultra-fine grained (UFG) microstructures, i.e., microshear band
assisted CDRX. The formation of microshear band during hot deforma-
tion has been confirmed by optical microscopy, EBSD and TEM [52,
233]. The dislocations introduced at low strains are arranged into cellu-
lar substructure, which can be considered as an incubation period for
the formation of new grains, i.e., stage 1 in Fig. 2. Multiple microshear
bands can be formed in the grain interiors leading to the rapid increase
in average misorientation, a spatial network of microshear bands result,
as shown in Fig. 163, corresponding to stage 2 in Fig. 2. The subsequent
deformation leads to a rapid increase in the density of microshear
bands, as well as in the HAGBs and LAGBs. But these phenomena do
not take place homogeneously within the material, they mainly appear
inside the microshear bands, more so at the intersections of the
microshear bands. The fraction of UFG structure increases as deforma-
tion proceeds, leading to the progressive propagation of an equiaxed
microstructure through the entire volume. One may argue that the for-
mation of microshear bands may be solely due to the change in strain
path in SPD processes, e.g., ECAP or MDF, it should be noted that the
same phenomenon was observed during rolling of austenitic stainless
steel at 873 K [6] and during hot compression of a Mg alloy [52]. It is
true, though, that more intersecting microshear bands are formed dur-
ing SPD processes because of the strain path changes.

Similar to the mechanism described in Section 4.2.2, new grains are
actually first formed in heterogeneously deformed zones, i.e., near
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Fig. 19. Subdivision of a cube-shaped grain into 27 subgrains. Next-level subdivision at
two smaller scales is also shown for a corner-cube (Reproduced with permission from
Elsevier [215]).

original HAGBs or microshear bands. During further straining, they do
spread more homogeneously through most of the remaining volume,
thereby differing from conventional DDRX where clear two-steps pro-
cess via nucleation and growth stages of recrystallized grains is
involved.

4.3. Numerical models

As compared to the conventional DDRX which has been modelled in
different conditions, only a few numerical models are dedicated to
CDRX process [4,43,208,234,235]. Two of the CDRX models, which ac-
count for the main phenomena such as strain hardening, DRV and
HAGB migration (or grain subdivision) and predict key quantities that
characterize the CDRX process (including stress-strain curves, grain
size and misorientation distribution), are summarized below.

4.3.1. The Gourdet and Montheillet model

A simple CDRX model using the average dislocation density inside
the crystallites, the average crystallite size and the distribution of
LAGB misorientations as internal variables, focusing on the hot defor-
mation of high SFE metals, is proposed by Gourdet and Montheillet
[4]. The material microstructure is represented by a set of so called
“crystallites” surrounded partly by low-angle (LABs) and partly by
high-angle (HABs) boundaries, as schematically shown in Fig. 17. The
dislocation densities inside the crystallites, as well as the crystallite
sizes are assumed to be homogeneous, which then evolves during de-
formation. The evolution of dislocation density inside a crystallite
through strain hardening and DRV is described by the Laasraoui-Jonas

(b)
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Fig. 18. a) Lattice curvature in a grain; b) Simplification for calculating the lattice curvature (Reproduced with permission from Elsevier [215]).
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equation [236], a modification has been made to take HAGB migration
into account, which also decreases the average dislocation density by
replacing the swept deformed area with a dislocation free zone. A part
of the recovered dislocation density contributes to formation of new
LAGBs, and the other part is absorbed by the pre-existing boundaries,
some of which are annihilated by HAGBs while those incorporated
into LAGBs lead to the gradual misorientation increase of LAGBs into
HAGBs. The predictions of the model are presented for both the tran-
sient and steady states, including stress-strain curves at various con-
stant temperatures and strain rates, as well as the associated
evolutions of microstructural quantities such as crystallite size, disloca-
tion density and LAGB misorientation distribution. The effect of HAGB
migration on these parameters is emphasized.

This model links the stress-strain curve to key microstructural pa-
rameters and is capable to predict the evolution of crystallite size, dislo-
cation density and misorientation distribution with strain, under
different constant hot deformation conditions. However, crystallo-
graphic texture effects were neglected, and the fact that LAGB is able
to migrate, as demonstrated when the stress or strain rate changes dur-
ing deformation [69], was neglected in this model. The idea that LAGBs
keep increasing the misorientation during hot deformation until they
are transformed into HAGBs was challenged by McQueen and Kassner
[16], since no experimental validation of the model was provided.
McQueen and Kassner [16] claim that GDRX is a better mechanism to
explain the observed microstructure evolution. The increase of LAGB
misorientations is mainly related to transition boundaries (microshear
bands), which increase their misorientation rapidly and become similar
to original HAGBs. However, later experimental work conducted by
Kaibyshev et al. [219] on Al—Li—Mg—Sc alloy using Equal-channel an-
gular extrusion at 300 °C to a total strain of 12 confirmed the progres-
sive evolution of LAGBs into HAGBs. Similar observation was reported
in a 304-type austenitic stainless steel subjected to rolling at 1073-
1273 K [6].

4.3.2. The Toth et al. model

A different model of CDRX based on grain fragmentation has been
developed by Toth et al. [215], predicting the evolution of the grain
size distribution, misorientation distribution, crystallographic texture
and strain-hardening of the material. The basic assumption is that lattice
rotation within an individual grain is not uniform during deformation
because of the constraining effects of the neighbouring grains and
grain boundaries. The lattice rotation is different near the grain bound-
aries than in the grain interior, this difference increases progressively
with strain. A crystallographic plane is curved near the boundary zone
and becomes a near S-shape surface, which gives rise to lattice curva-
ture, as shown in Fig. 18a. Different boundaries may impede the rotation
of a lattice plane in a non-uniform way, different curvatures of the lat-
tice plane thus result. For simplification purpose, a spherical grain
shape is assumed with diameter D and with grain boundary affected
zone of thickness d, as shown in Fig. 18b. The lattice curvatures (1/R)
within a grain are accommodated by the so called curvature-induced
dislocations. The increase of these dislocations eventually leads to the
appearance of strain-induced boundaries. If the middle zone and grain
boundary zones are of equal size, i.e., d=D/3, the subdivision of a
grain in 3D can be simplified as a “Rubik cube” as shown in Fig. 19,
where only the central element has no grain boundaries. On this basis,
a fragmentation scheme is developed which is integrated into the Taylor
viscoplastic polycrystalline model.

This model gives good predictions in terms of grain size and grain
misorientation distribution during ECAP at room temperature for techni-
cal purity copper. The crystallographic textures after deformation are
also well reproduced, and the flow stress of the material is also reliably
predicted, through the modelling of dislocation density evolution
coupled with texture development. Dislocation density evolution is
followed for each grain using a multi-phase dislocation cell approach,
i.e,, dislocation density in the cell interior (p.), the cell-wall dislocation

density which is further split into statistical dislocations (p,;s) and the
geometrically necessary dislocations that build misorientations be-
tween neighbouring cells (pwg) but not the mesoscopic lattice curva-
tures, and finally the non-mobile curvature-induced dislocations.

In their model, once the misorientation between adjacent elements
reaches 5°, the element is considered to become an independent grain
which can lead to further grain refinement. This is because all the ele-
ments belong to one grain are assumed to have the same slip distribu-
tion and strain-hardening characteristics, obviously this assumption
does not hold true at large values of strain. This critical value of 5° is rel-
atively low, care should be taken when performing quantitative com-
parison with experimental results. Also, the model is not likely to be
applicable to very large deformations, since the Taylor model of a poly-
crystal, which usually fails at very large strains, was used [215]. It is thus
not clear whether it can predict the occurrence of a CDRX steady state
and describe the latter properly.

4.3.3. Summary

A careful examination of these two CDRX models, i.e., Gourdet and
Montheillet (GM) model [4] and Toth et al. model [215], reveal a few
key differences. First, new grains are distributed relatively homoge-
neously in the former model, while they develop mainly near the
grain boundaries in the latter due to the constraint from the grain
boundaries, which is close to the CDRX mechanisms shown in Figs. 12
and 13. Second, the final crystallographic texture, which is not covered
in the GM model [4], was implemented in the Toth et al. model [215]
showing quantitative agreement with experimental texture evolution
results. Third, the Toth et al. model was developed and validated
based on experimental observations of ECAP at room temperature
with relatively small strains, while the GM model is on the principle de-
signed for large hot deformation. Lastly, the Toth et al. model is a poly-
crystal plasticity model and will be limited by the available
computational capacity when the grain refinement multiplies, while
the GM model is a physically based simplified model requiring less com-
putational resources.

It is noted that only a few CDRX models exist in the literature, there
is still large room to improve the modelling of CDRX. The formation of
microshear bands or kink bands, as discussed in Section 4.2.2, should
be considered in any general CDRX model. Solute and second-phase
particles, both of which affect grain boundary migration, are for the mo-
ment neglected by selecting pure metals. Different mechanisms of
CDRX may be involved, i.e., microshear band assisted CDRX and CDRX
by progressive increase of misorientation, as experimentally observed
for 304-type austenitic stainless steel in Ref [6]. The transition from
CDRX to DDRX or co-existence of these two types of recrystallization
processes in certain conditions, e.g. for Mg alloys [8], also demands a
more versatile and general model.

5. Geometric dynamic recrystallization
5.1. Introduction

While ultra-fine grain structures can be obtained by CDRX through
SPD processes like ECAP, HPT, etc., the production is limited to relatively
small quantities of material (although recent extensions such as ECAP-
Conform [237] improve the production rate). Alternatively, the produc-
tion of materials for structural application with fine grain size can be re-
alized using conventional techniques such as rolling through GDRX, a
concept originated in 1980s by McQueen and co-workers [238-240],
in which a new grain structure is formed as a result of change in grain
geometry during deformation.

GDRX has been reported in several different materials: high purity Al
[241] and commercial purity Al [238,240], Cu [242], pure Zr [20,243,
244], Al—Mg [245,246], AA5083 [247] and AA 6015 alloys [248],
Mg—AIl—Zn and Mg—Zn—Zr alloys [249,250]. This means GDRX oc-
curs in pure metals, alloys with solute drag, and particle-containing
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Fig. 20. The evolution of grain thickness (HAGB spacing in the decreasing dimension direction) and subgrain size during GDRX. a) flow stress, noticing the two plateaus, the first one
around 1-3, the second one at large strains; b) grain thickness and subgrain size evolution; c) evolution of LAGB misorientation angle measured by TEM (low angles can be detected),
deformation bands and HAGB facets are disregarded; d) evolution of HAGBs, where the additional case with LAGBs smaller than 2° is also included for comparison.

alloy systems. GDRX was considered as one type of CDRX by Humpreys
and Hatherly [1]. The developments in GDRX was briefly reviewed by
Kassner and Barrabes [20], where it was pointed out that it is a general
phenomenon that can lead to grain refinement for FCC, BCC and HCP
metals. This is why GDRX is treated separately in this review; it is also
justified by the fact that GDRX does differ from CDRX in many ways,
as will be detailed below.

The main characteristics of GDRX observed from limited amounts of
experiments are summarized below:

i)

Conditions for GDRX: GDRX is mainly observed for materials
with high SFE deformed at elevated temperatures with low
strain rates. DRV dominates at low deformation temperatures
since the mobility of HAGBs is too low to migrate to form

iii

iv

)

—

serrations, while grain growth takes place at very high deforma-
tion temperatures [246,247].

Stress-strain curve: the stress initially increases to a relatively broad
peak stress, it then declines slowly, possibly due to texture softening,
to a steady state at large strains (Fig. 20a) [238-240,251,252].
Subgrain size: subgrains are formed after a critical deformation, first
near original HAGBs [245], and the subgrains remain approximately
equiaxed and constant in size (Fig. 20b). The steady state subgrain
size decreases with increasing Zener-Hollomon parameter [244,
246,251].

Subgrain misorientation: different from CDRX, the misorientation
angle of boundaries formed by dislocation reaction saturate at ~2°
(see Fig. 20c), which is measured from TEM patterns. Deformation
bands usually form with coarse initial grain size, and the facets on

Fig. 21. Schematic graph showing the progress of GDRX. (a) at small deformation, the grain boundaries flatten with well-defined substructure in the matrix; (b) as deformation progresses,
the serrated HAGBs (thick lines) become closer, although the subgrain size remains approximately constant; (c) eventually the HAGBs impinge, resulting in a microstructure of mainly

HAGBs.
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the original HAGBs are disregarded for the computation of the (low)

average misorientation in subgrains. Therefore, there is always a bi-

modal distribution of misorientation angle during GDRX if all of the

grain boundaries are considered [245].

HAGSB fraction: the literature results on the HAGB fraction during

GDRX are confusing. On the one hand, it was reported that there

is, depending on the initial grain size, only less than one-sixth to

one-third of the subgrain facets in a subgrain belongs to original

HAGBEs, i.e., they are not the result of CDRX or DDRX [239]. On the

other hand, the HAGB fraction is shown to increase with strain

and deformation temperature and can reach more than ~80%

[244,246]. In the later case, misorientations of <1.5 or 2° were ig-

nored (with the EBSD technique), which might be part of the reason

for the large HAGB fraction.

Crystallographic texture: unlike DDRX, the recrystallization texture

during GDRX remains largely unchanged, e.g., strong rolling texture

during hot rolling, since only little HAGB migration is involved [246].

The texture softening is nevertheless considered as responsible for

the stress reduction after the first peak [239,240], see Fig. 20a.

vii) Effect of solute and fine particles: when solute drag and/or particle
pinning are involved, the critical strain for subgrain formation and
the HAGB fraction increase (Fig. 20d), but the steady state subgrain
size decreases, which also means large deformation is required to
complete GDRX [240,246].
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5.2. Mechanisms
GDRX has been described as the formation of equiaxed grains during

hot deformation by (i) the migration of HAGBs to form serrations, (ii)
thinning of the grain thickness, and (iii) impingement of serrated
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HAGBs when approaching 1-2 subgrain size distance (Fig. 20b). As
compared to the other two DRX processes, the mechanism of GDRX is
relatively simple, and it is explained as follows.

GDRX was commonly formed on deformation of aluminium and its
alloys to large strains at elevated temperatures, and is schematically
presented in Fig. 21. In these cases, serrations are developed during
hot deformation by DRV, with a wavelength similar to the subgrain
size, see Fig. 21a. If the material is subjected to a large deformation, sig-
nificant grain elongation and thinning takes place, which leads to a dra-
matic increase of grain boundary area, as shown in Fig. 21b. During
rolling, for instance, Eq (4) is established to relate the grain thickness
in the normal direction (H) as a function of the strain (&). After a small
deformation, the subgrain size during high temperature deformation
reaches the steady state value and becomes almost independent of
strain. Meanwhile, the grain thickness decreases continuously with de-
formation, and eventually the size of the boundary serrations will be-
come comparable with the grain thickness with strain approaching 5-
10 [20], as illustrated in Fig. 21c. Still referring to Eq. (4), and replacing
the thickness of elongated grains (H) by the subgrain size (8), this crit-
ical compressive strain can be calculated as:

£CDRX _ |y <K1 (SDO) (20)

cr

where Kj is a constant of the order of unity, it can be adjusted to consid-
er the grain subdivision during deformation [253], i.e. a decreasing Do.
At this stage, “pinching off” may occur by the interpenetration of the
serrated boundaries, resulting in a microstructure of small equiaxed
grains with a size comparable to the subgrain size. Even though the
GDRX process, for simplification purpose, is discussed based on hot
rolling, it should be pointed out that similar calculations can be made
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Fig. 22. (a) A representation of grain deformation with the “cubic” GDRX model. GDRX does not begin until &qisicqi. This produces instantaneous recrystallization. (b) A GDRX modeled with
a truncated octahedron (TO). GDRX progresses gradually with strain as both ends of the grain fall within a critical width earlier than other portions. The close packing of subgrains within

the grain is also modeled as TOs (Reproduced with permission from Elsevier [5]).
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for other processes as well. For instance, it was shown that during hot
torsion, the critical strain is [251]:

GDRX Do

gcr - 2 \/‘3' . 6 (21)
It follows that the GDRX mechanism mentioned above is only based

on geometrical considerations, i.e., the evolution of microstructure is

only dependent on the initial grain size and the strain. In fact, there

are at least three other aspects that need to be considered during hot

deformation.

First, the evolution of grain morphology should be taken into ac-
count. One essential condition for the occurrence of GDRX is the forma-
tion of serrations at the HAGBs, which is not considered by simply
considering the cubic or spherical grain shape. Let us now look at the
formation of serration in a more detailed way. During hot deformation,
subgrain boundaries first develop near original HAGBs at small strains
[245]. The serrations are formed, on both sides of the HAGBs, by local
migration of HAGBs at the junctions with the subgrain boundaries
formed by DRV. Two types of 2-D models have been used to predict
this migration of HAGBs by Martorano and Padilha [254]. Subgrain
structures then form at large strains even within the grain interior con-
tinuously until the thickness of the HAGBs is reduced to 1-2 subgrain
size distance where adjacent grain boundaries may pinch off, leaving
an approximately equiaxed microstructure. There is no experimental
proof supporting that GDRX can instantaneously complete once the crit-
ical strain is reached. This is because the thickness of the deformed
grains is not uniform, i.e., some parts of the grain reach the critical strain
faster, leading to a gradual transformation of GDRX.

(a)

(©) Fixy

Second, HAGB migration should be considered. If there is no HAGB
migration, a fibrous grain structure with elongated subgrain structure
instead of close to equiaxed subgrain structure will form after the criti-
cal strain calculated from (20), which is essentially a highly deformed
microstructure [246ff]. The driving force for HAGB migration, with the
aim of reducing the density of HAGBs, is due to boundary curvature.
The migration of HAGBs not only changes the grain morphology, it
also sweeps the subgrain structure behind the moving boundary. At
very high deformation temperatures, HAGB migration may become sig-
nificant leading to clear dynamic grain growth [251]. Large deformation
is then required to reach the critical strain for GDRX.

Third, the introduction of new HAGBs either by grain subdivision or
transformed LAGB may not be ignored. Grain subdivision [253] is most
significant during the earlier stages of deformation, but little subdivision
occurs in Al alloys with average grain size less than ~15 pm [255]. High
deformation temperature also favours homogenous deformation, i.e.,
reduced grain subdivision. The transformation of LAGBs into HAGBs
during hot deformation, either by the formation of deformation/shear
bands [18] or the progressive increasing of LAGB misorientations [4],
has been discussed when treating CDRX in Section 4. More HAGBs will
accelerate the GDRX process by reducing the average HAGB (grain)
thickness.

5.3. Numerical models

Although the mechanisms of GDRX are generally well understood
and have been experimentally observed in different metals and alloys,
the attempts to model this process are mostly based on geometrical
considerations using cubic or spherical grain shapes. This in general
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Fig. 23. Explanation of the adopted physical model: (a) optical micrograph of high-purity aluminium revealed in polarized light during GDRX (adapted from Kassner [257]); (b) Enlarged
image of region A; (c) physical model of a high-angle boundary between grains A and B, within which dislocation walls separated by interspacing A cause a driving pressure F that varies
sinusoidally with amplitude AF and zero mean value (Reprinted by permission of Taylor & Francis Ltd [254]).
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qualitatively predicts well the microstructure evolution [5,246,251,
256]. In addition to the geometrical change due to imposed strain,
grain morphology evolution, HAGB migration and the introduction of
new HAGB:s also affect the GDRX process during deformation at elevat-
ed temperatures. Even though several GDRX models have been pro-
posed to improve the oversimplified GDRX model that is based purely
on geometrical consideration, it seems none of them has fully taken
into account all these aspects. In what follows, the attempts to consider
for grain morphology evolution [5,254] and HAGB migration [251] are
summarized.

5.3.1. The De Pari et al. model

If GDRX only depends on the initial grain size and deformation
strain, as predicted by Egs. (20) or (21), the microstructure will instan-
taneously be transformed into an equiaxed grain structure when the
critical strain is reached. However, experimental evidence has clearly
shown that this process takes place gradually [244-246,251]. Consider-
ing the limitation of using cubic or spherical grains, De Pari et al. [5] pro-
posed a GDRX model using a 14-sided, three-dimensional truncated
octahedron (TO), as shown in Fig. 22. The surface of this TO is comprised
of eight hexagons and six squares, one essential advantage of using this
shape is its space-filling feature.

During deformation, work hardening and DRV take place, and a sub-
structure with LAGBs is developed. The subgrains are assumed to be
equiaxed and equal-sized regardless of the strain, the size is only depen-
dent on the stress. The original TO changes its shape during deforma-
tion, the thickness of HAGBs decreases, but the narrow edges thin
faster than the bulk of the TO. The subgrains at the edges of both ends
pinch off when the critical strain is reached, this process continues
until the entire TO has narrowed down to the critical width for GDRX.
The result is thus a gradual transformation of GDRX, instead of the in-
stantaneous one if cubic grain shape is assumed, as shown in Fig. 22a.

However, this GDRX model is still of pure geometrical nature. The
occurrence of serrations is not explicitly included in the model. The evo-
lution of HAGB spacing other than geometrical consideration is also not
elucidated.

5.3.2. The Martorano and Padilha model

Even though a more realistic grain shape is considered in the De Pari
etal. model [5], the HAGB migration is not considered there. The original
grain boundary is initially flat before deformation. When deformation is
applied, as discussed earlier, dislocation walls (subgrain boundaries) are
first formed on both sides of the original HAGBs. These HAGBs thus are
subjected to a driving pressure F caused by the subgrain boundaries in-
side the adjacent grains, leading to the formation of serrations, as shown
in Fig.23. Martorano and Padilha [254] quantified the driving pressureF,
assuming that F varies sinusoidally along the boundary as follows

F— AF sinz—zx (22)

Wherex is the coordinate along the boundary, AF is amplitude, and A the
wavelength i.e. the separation distance between dislocation walls.

The local HAGB curvature also provides part of the driving force for
HAGBs migration, so the local normal velocity of the boundary (v,,) is

Vo = m(% +F) (23)

where m is the boundary mobility, R the local radius of curvature of the
HAGB, and 'y the boundary energy per unit area. The migration of the
2-D boundary was described asy =y(x,t), where t is time. The normal
velocity can be calculated as

Vi = (ay/ar)(l + yz)q/ ’ (24)

where dy/0t is the boundary velocity in the y direction and (1 + y2)71/2

is the magnitude of the component of the boundary normal in the y di-
rection. The radius of curvature (R) can also be easily found through:

(1457)"
(=

(25)

Combining these equations yields a differential equation relating the
evolution of y with x and t, which can be solved numerically by the finite
difference method with appropriate initial conditions, or using a so
called least square-normal and curvature model. The interested readers
are directed to Ref [254] for more details.

Due to the lack of experimental data on subgrain structure, the
model was not directly validated with experiment. In fact, this model
did not even consider the decrease of grain thickness due to deforma-
tion, so it is not considered as a complete GDRX model. But this model
does predict that boundary becomes serrated with peak and valleys mi-
grating into the two adjacent grains, which is a necessary condition for
the occurrence of GDRX. Further investigation should focus on changing
deformation temperature, strain rate and composition of the investigat-
ed materials. Geometric shape change due to the imposed strain and
grain refinement or break up [252,253] during hot deformation should
also be considered.

5.3.3. The Pettersen et al. model
The geometric shape change due to imposed strain in hot torsion
was considered by Pettersen et al. [252]. Simple calculation leads to
the evolution of the HAGB thickness evolution by assuming a cubic
grain shape:
Do

P=Viie 20

where Dy is the grain thickness before deformation and ¢ is the true
strain. The critical strain is then obtained by replacing the average
HAGB thickness D with the subgrain size 6, and this has been previ-
ously shown already in Eq. (21). In addition to this geometric
shape change, Pettersen et al. also considered (i) the grain breakup,
which leads to the decrease of D during deformation, and (ii) dynam-
ic grain growth associated with the increase of D observed during
their experiments.

The grain size evolution is calculated using the following differential
equation that is composed of two parts:

dD dD" dD™
de = de T de @7
where dD*/de relates to dynamic grain growth and dD™/de considers
the grain refinement due to both geometric shape changes and HAGB
break up. Grain growth is solely driven by boundary curvature forces,
hence

aD*t  (4yg
i <T> (28)

with grain boundary mobilitym = mg exp(— R%). Replacing dtbyde/é
and combining Egs. (5) and (28) gives

dD* _ 4ygsmo

de — 7D (29)

Since there is currently no developed theory to predict the grain re-
finement in quantitative or analytical manners, the grain refinement is
calculated in an empirical way using the assumption that the grain
shape change observed in the particle-containing AA6082 alloy are
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nearly athermal in nature, i.e., restoration reactions are inhibited by the
Zener pinning effect:

% = {1— (‘118 + 1> exp(—2s)} -nAD (Dﬂo)l/n (30)

where A = 278, and n = 0.5.

By combining Eqs. (27), (29) and (30), the evolution in grain thick-
ness can be obtained at any strain rate and temperature (Zener-
Hollomon parameter), which was proven to be much better than just
considering geometrical shape changing using Eq. (26). This model,
however, did not consider the non-uniform grain shape as suggested
in the De Pari et al. model [5] nor the formation of serrations at HAGBs
that is considered by Martorano and Padilha [254]. Dynamic grain
growth can also be induced by the local dislocation density differences
[258], besides the capillarity effects.

5.3.4. Summary

As compared to DDRX and CDRX models, the few GDRX models
found in the literature are generally over simplified. First, most of
them just focus on the geometric shape change due to the imposed
strain, which is actually only valid before the critical strain necessary
to pinch off the grains, after which the HAGB thickness does not reduce
anymore. Second, these models in general cannot predict the stress-
strain curve, which is always of industrial interest. One reason is that
the dislocation density evolution which can be used to estimate flow
stress was not considered in these models. The fact that a stress-strain
curve is difficult to obtain during experiments such as hot rolling
might be another reason. Third, the grain morphology, which might
be not so important for DDRX and CDRX but is of particular importance
to GDRX, has never been fully taken into account. This includes the com-
bined effect of the formation of serrations and the non-uniform grain
shape. Fourth, HAGB migration due to grain break up and/or dynamic
grain growth might become important in specific conditions, and thus
need to be considered for any general GDRX models aiming for good
predictions at different thermal mechanical conditions. Last, the quanti-
tative effects of solutes and second phase particles on GDRX that are
usually present in commercial alloys, are generally neglected in these
models.

6. Summary and perspectives
6.1. Summary

The three DRX processes, i.e., DDRX, CDRX and GDRX, occurring in
different TMP conditions at high temperatures for various metallic mate-
rials have been reviewed. The terminologies used in DRX field were
summarized, together with the key factors influencing the DRX process-
es, and the experimental techniques to characterize them. An emphasis
was given on the mechanisms and the existing numerical models.

DDRX, also known as conventional DRX, is obviously the most exten-
sively studied DRX process. DDRX operates in low to medium SFE mate-
rials at high temperatures (T > 0.5 Tm). At this stage, it is generally
accepted that DDRX mainly initiates by strain induced bulging of origi-
nal grain boundaries and a necklace structure which is composed of fine
equiaxed recrystallized grains is formed. DDRX may also occur at or near
other heterogeneous sites such as shear bands, kink bands, but these
sites are more frequently produced at low deformation temperature
or high strain rates [259-261]. It is also evident that the new grains
may be formed by twinning at high strain levels, a fact that is not well
considered so far in the existing numerical models. In general, the
steady state of DDRX in terms of flow stress, recrystallized grain size
as a function of deformation temperature and deformation strain rate
is well established. The DDRX at varying TMP conditions, however,
needs further investigation. This is because it is clear from experiments
that different DRX mechanisms can act together or in sequence with

changing TMP. It becomes even more complex if precipitation, which af-
fects nucleation of recrystallization as well as grain boundary migration,
takes place concurrently with deformation. There exist a large number
of numerical models of DDRX, most of them work well in some selected
conditions. However, none of these models is deemed as a general
model that takes all key ingredients of DDRX into account and is able
to model DDRX in varying conditions for particle-containing materials.

In terms of CDRX, it was found that this DRX process takes place in all
metals and alloys irrespective of their SFE when the deformation tem-
perature is relatively low (T < 0.5 Tm), by severe plastic deformation.
At high temperatures, however, CDRX is most frequently observed in
high SFE materials. The mechanism of CDRX is not as well understood
as for DDRX, the key issue is how the LAGBs increase their misorienta-
tion and transform into HAGBs. At low deformation temperatures, it ap-
pears that LAGBs can increase their misorientation homogeneously but
the misorientation saturates at relatively low values, and it is the forma-
tion of microshear bands or kink bands that eventually leads to the for-
mation of HAGBs. At high deformation temperatures, microshear bands
or kink bands become less significant, the transformation of LAGBs to
HAGB:s is done either by the homogeneous increase of misorientation
or progressive lattice rotation near grain boundaries. Many experimen-
tal observations pointed out that the formation of HAGBs also depends
on the grain orientations [222], and there exist some stable orientations,
in which the increase in misorientation is not sufficient to form new
HAGBs even at large deformations [213,214]. A complete systematic
study on CDRX by varying initial grain sizes, grain orientations, chemical
compositions, deformation temperatures and strain rates etc., providing
quantitative data on flow stress, crystal size and misorientation evolu-
tions, is still missing. CDRX in more complex situations where precipita-
tion or fine second-phase particles are involved, or in varying TMP
conditions, also needs further exploitation. In terms of numerical
modelling, only a sparse number of CDRX models are found in the liter-
ature. This is partly due to the lack of a clear image on the CDRX process
mechanisms.

As compared to the two DRX processes mentioned above, GDRX ap-
pears quite simple. The geometric shape change due to deformation was
studied under different deformation modes such as hot rolling, hot tor-
sion and plane strain compression. It is concluded that GDRX takes place
once the thickness of the HAGBs reaches 1-2 subgrain size distance. This
often means, even it is not explicitly stated, that GDRX occurs simulta-
neously for each grain. Since the occurrence of GDRX is very much de-
pendent on the thickness of HAGBs, the grain morphology is of greater
importance as compared to DDRX and CDRX. This includes the local var-
iations such as serrations, as well as the global shape, i.e., spherical,
cubic or any other shapes. HAGB migration due to dislocation density
difference or grain boundary energy, and the introduction of new
HAGBSs, also need to be considered to explain the discrepancies experi-
mentally observed in terms of the evolution of the thickness of HAGBs.
Similarly to the other two DRX processes, precipitation or fine second-
phase particles affect the GDRX process through retarding grain bound-
ary migration. Different models are developed, and at this stage, physi-
cally based models combining the overall geometric shape change with
the local grain morphology (serrations) and HAGB migration, as well as
the formation of new HAGBs are still missing. Since most of the above
mentioned phenomena are already modeled, it seems realistic to com-
bine them into a single model.

In summary, it can be said that although some of the aspects related
to DRX still need further investigation (which will be detailed below),
the existing knowledge obtained from both experiments and simula-
tions can already provide valuable help on controlling the microstruc-
ture evolution during thermomechanical processing.

6.2. Topics for further investigation

Although DRX processes are of great industrial importance, they are
far from being well understood. Part of the reason is related to the
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difficulties in experimental studies such as (i) the presence of tempera-
ture gradients in the sample (at high temperature) which leads to strain
localization, (ii) the heterogeneous nucleation sites within the de-
formed matrix, (iii) the requirement of fast quenching to prevent SRX
or PDRX after termination of deformation and also possible phase trans-
formations, (iv) the difficulties for conducting in-situ analysis with elec-
tron microscopy etc. These issues also hinder the development of more
advanced DRX models, in which an appropriate nucleation law is essen-
tial. The better understanding of nucleation phenomenon, which is by
no means homogenous, requires to overcome many technical difficul-
ties, including these described above. Some important aspects that are
worth further investigations are listed below:

1) On the action of different DRX mechanisms. There are clear evi-

4

—

-

—

=

~

dences that different DRX mechanisms can act together or in se-
quence. For instance, the co-existence of DDRX and CDRX was
reported in AZ31 [8], while it is suggested that CDRX and GDRX
can also act together [5] in AA6061 during hot rolling. The change
of restoration mechanisms during deformation was reported when
varying initial grain size, material purity, grain orientation and de-
formation temperatures [6,11,12,40,262-266]. It is now time to ask
why the change of DRX mechanism occurs and whether this can
be modelled numerically.

On the ambiguity between CDRX and GDRX. Due to the existing sim-
ilarities and differences between CDRX and GDRX, careful experi-
ments should be performed in appropriate deformation conditions
to further investigate the distinction between them. One possible
way is to deform materials with large initial grain sizes, such that
transformation of LAGB into HAGB through CDRX is done before
the HAGB thickness reduces to 1-2 subgrain sizes.

On the development of DRX. While the initiation of DRX has usually
been carefully characterized and modelled, less attention has been
paid to the development of DRX afterwards. It has been realized that
nucleation can occur at large strains through the formation of twins
during DDRX, while the formation of mircoshearbands may contribute
to the formation of HAGBs in CDRX. However, more investigations are
clearly needed on these mechanisms such as their dependence on
material types, deformation temperature and strain rate.

On the heterogeneous nucleation sites within the deformed micro-
structure. Another clear direction that needs further investigation
is related to the effect of heterogeneous nucleation sites such as
kink band [267] and (micro)shear bands [268] on nucleation of
DRX. It is equally important to identify how and when these hetero-
geneous sites are created, as well as the important factors that affect
the formation of these sites.

On the effect of second-phase particles. The evolution of second-
phase particles during DRX by dynamic precipitation or dissolution
makes the quantitative analysis of these particles effects very com-
plex. While the retarding effect of fine second-phase particles on
HAGB is generally considered by the Zener pinning theory according
to their average size and volume fraction, there is evidence that this
retarding effect is also dependent on their spatial distribution, co-
herency with the matrix, shape and nature of the retarded grain
boundary. It is of great interest to be able to use second-phase parti-
cles to control the final grain size and crystallographic texture
through DRX.

On varying deformation conditions. Driven by the industrial de-
mands, there is a need to study DRX in varying deformation condi-
tions that are close to industrial practice. The microstructure
evolution under these conditions is more complex than in constant
conditions, change of DRX mechanisms can occur, and the instanta-
neous microstructure also depends on deformation history. In terms
of numerical modelling, one state variable is not enough for model-
ling DRX in variable conditions, e.g., deformation with abrupt change
of strain rate and temperature, since it does not account for the
short-scale transient behaviour [269,270].

7)

On the advanced characterization of DRX. The in-situ characteriza-
tion of grain boundary mobility and nucleation behavior in 3-D
will significantly improve our current understanding on DRX and
thus help us to build advanced numerical models. Integrating differ-
ent characterization techniques together to provide complementary
sets of data on DRX should be another important direction in this
regard.

On the construction of DRX processing maps. Processing maps [271]
can be used to design hot working schedules in a wide range of ma-
terials. However, DRX depends on many different factors such as de-
formation temperature and strain rate, deformation strain, initial
grain size, SFE etc. It is therefore worth building 2D (&,T) processing
maps considering important affecting factors, based on the large
amount of existing literature data.
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