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a b s t r a c t

The subject of radiation-induced solute segregation (RIS) in metallic alloys is reviewed. RIS manifests
itself in several different ways, including diffusion to point-defect sinks (dislocations, grain boundaries,
voids, etc.), which can induce precipitation in undersaturated alloys, as well as self-organization of solute
clusters and precipitation in defect-free material. Diffusion in dilute and concentrated alloys is high-
lighted, as are theories of RIS that include new ideas on diffusion of complexes involving coupling
between fluxes of point defects and of solute atoms. Many important experimental observations are pre-
sented, including up-to-date findings using atom-probe tomography, with special emphasis on solute
segregation in austenitic and ferritic steels. Results from computational modeling and theory are also pre-
sented and discussed in light of experimental findings. Examples illustrating the factors affecting RIS are
shown and some important outstanding issues that impact the current understanding of RIS are
described and discussed.

� 2015 Elsevier Ltd. All rights reserved.
1. Introduction

The irradiation of crystalline solids by energetic neutrons, ions
or electrons subjects them to several kinds of radiation damage.
Radiation damage begins with the production of atomic displace-
ment damage, generally from collision cascades of various sizes
that depend on the energy and mass of the bombarding species.
The collisions produce vacancies and interstitial atoms in equal
numbers, so-called Frenkel Pairs. Depending on the temperature
of the materials the vacancy concentrations can far exceed their
equilibrium values; the concentrations of interstitials are always
far in excess of their equilibrium values, which are exceptionally
small at all temperatures. A large fraction of the excess point
defects recombine, eliminating the local radiation damage. In fact,
it is fair to state that if recombination were perfect and all the
vacancies and interstitials were eliminated by mutual annihilation,
there would be no radiation damage at all except for transmuta-
tions that occur during neutron irradiation. But interstitials inter-
act much more strongly than vacancies with both themselves
and with pre-existing internal sinks for point defects, such as dis-
locations and grain boundaries, because of the large strain fields
associated with the occupation of interstitial sites. Furthermore,
interstitials are generally much more mobile than vacancies, so
they have much shorter lifetimes. The interstitials that survive
recombination interact with pre-existing sinks in a biased manner
and leave behind the less mobile vacancies. Though vacancies are
far less mobile than interstitials, they are nevertheless mobile
enough to interact with each other, one serious consequence of
which is the phenomenon of void swelling.

Interstitials and vacancies usually interact quite differently with
the atomic species in an alloy. The interactions between atoms and
point defects can be either attractive or repulsive, depending on
factors such as size differences and electronic structure. Moreover,
the diffusive fluxes of interstitials or vacancies toward point-defect
sinks often produce concomitant preferential fluxes of atoms. Even
in the absence of strong binding energies between the point
defects and atoms it is possible for atom fluxes to be induced by
point-defect fluxes, leading to radiation-induced redistribution of
solute and solvent atoms. The longer-range radiation-induced
solute redistribution (RISR) at point-defect sinks is generally
referred to as radiation-induced segregation (RIS). When or if the
concentration of solute atoms at a sink exceeds the limit of solubil-
ity in the alloy a new phase can nucleate and grow, leading to
radiation-induced precipitation (RIP). It is also possible in many
cases for irradiation to produce solute redistribution on a much
shorter length scale, resulting for example in the long-range order
of a previously compositionally disordered alloy.

The current state of knowledge of RIS constitutes the focal point
of this review article. There have been several reviews of RIS over
the past few decades [1–4] as well as review articles on radiation
damage and reactor materials in general [5,6] and reactor steels

http://crossmark.crossref.org/dialog/?doi=10.1016/j.cossms.2015.11.001&domain=pdf
http://dx.doi.org/10.1016/j.cossms.2015.11.001
mailto:aardell@ucla.edu
http://dx.doi.org/10.1016/j.cossms.2015.11.001
http://www.sciencedirect.com/science/journal/13590286
http://www.elsevier.com/locate/cossms


116 A.J. Ardell, P. Bellon / Current Opinion in Solid State and Materials Science 20 (2016) 115–139
in particular [7], and the interested reader is encouraged to peruse
these articles to appreciate how our understanding of this topic has
evolved over time. At this writing it is fair to state that advances in
the processing of alloys to produce microstructural features at the
nano-scale, characterizing them and modeling their radiation-
damage resistance warrant a current assessment of the progress
in our understanding of RISR. We present a historical perspective
on RIS, discuss some of the most recent advances and observations,
describe the different approaches to modeling RIS and discuss
recent models that endeavor to predict behavior. The influence of
experimental variables (e.g. radiation temperature, the addition
of trace elements) and microstructural parameters (e.g. grain
boundary character) will be highlighted, particularly in steels,
which are candidate alloys for use in Generation IV nuclear reac-
tors [6]. The effects of RISR on alloy behavior, particularly high-
temperature mechanical properties and resistance to corrosion
and stress-corrosion cracking, are normally quite deleterious.
These issues are discussed in comprehensive review articles by
Fukuya [5] and Zinkle and Was [6] and therefore will not be
addressed in this paper. The advent of atom probe tomography
(APT) has been highly impactful in characterizing defects at the
nano-scale, and we present numerous examples of new observa-
tions made using this technique, the limitations and advantages
of which have been reviewed recently by Marquis [8].
2. Manifestations of radiation-induced solute redistribution

Okamoto and Wiedersich [9] were the first to observe and iden-
tify both RIS and RIP, which was manifested by precipitation of the
intermetallic compound Ni3Si (with the ordered L12 Cu3Au crystal
structure) at the surfaces of radiation-induced voids in an austeni-
tic stainless steel. Okamoto and Wiedersich postulated that under-
sized Si atoms would preferentially populate the concentration of
interstitial atoms. Since intersitials as well as vacancies diffuse
toward void surfaces, which are very strong point-defect sinks,
the precipitation of Ni3Si would occur once the solubility limit of
this phase was exceeded. Shortly afterwards, Barbu and Ardell
[10] observed the precipitation of Ni3Si in a Ni–4 at.% Si alloy irra-
diated by Ni+-ions at 500 �C. Since the solubility of Si in Ni exceeds
10 at.% at temperatures above 600 �C [11], it is evident that the 4%
Si alloy is highly undersaturated at 500 �C. Moreover, the lattice
constant of Ni–Si solid solutions decreases with increasing Si con-
tent [12], hence Si is clearly undersized in the binary alloy. One of
the radiation-induced microstructures observed by Barbu and
Ardell [10] is shown in Fig. 2.1; the segregation of Si to interstitial
Fig. 2.1. Bright field (BF) and dark field (DF) transmission electron micrographs of the
10 dpa using Ni+ ions [10]. The precipitation of ordered Ni3Si is evident at the dislocatio
dislocation loops and precipitation on them is evident. The RIP of
Ni3Si in undersaturated Ni–Si alloys at grain boundaries, coherent
twin boundaries and free surfaces was observed later by Janghor-
ban and Ardell [13]; examples are shown in Fig. 2.2. The idea that
RIS and RIP were due to a preferential interstitial population of
undersized Si atoms was reinforced by the results of experiments
by Rehn et al. [14] on binary Ni alloys containing 1 at.% Si, Al, Ti
or Mo, the latter three of which are oversized. Using Auger spec-
troscopy, Rehn et al. found that Al, Ti and Mo segregated away
from the free surface of their specimens; only Si segregated toward
the free surface.

Radiation-induced solute redistribution over shorter length
scales is manifested in several different ways. We mention three
examples here. The first is the introduction of long-range order
in a disordered solid solution, exemplified by the discovery by
Weaver and Ardell [16] of Pd8W in an undersaturated alloy of
Pd–18 at.% W irradiated by protons at 600 �C. The ordered Pd8W
phase is stable, but to this day does not appear in the equilibrium
Pd–W phase diagram. An example of this phenomenon is shown in
Fig. 2.3. Other examples of isostructural Pd8X phases induced by
irradiation are Pd8Mo [17] and Pd8V [18]. Another well-known
example of RISR over short length scales is the amorphization of
crystalline alloys, especially ordered intermetallic compounds.
Lesueur [19] reported the first observation of radiation-induced
amorphization of a neutron-irradiated Pd–Si alloy, and Thomas
et al. [20] later observed a similar result in near-equiatomic NiTi
alloys irradiated by high-voltage electrons. Numerous examples
of radiation-induced amorphization have since been observed in
many different ordered intermetallic compounds under a wide
variety of bombarding species and irradiation temperatures. The
third manifestation of RISR is the crystallization of an amorphous
alloy. Early examples were reported by Parsons and Balluffi [21]
and Azam et al. [22] and similar findings have been reported in
many other amorphous alloys. The literature on RISR over short
length scales is therefore quite large, so to keep the size of this
reviewmanageable, we will keep the focus on solute redistribution
over longer diffusive length scales.

The earliest observations of Okamoto and Wiedersich [9] have
been augmented by many other observations of RIS. Their conjec-
ture of a preferential association between undersized atoms and
radiation-produced interstitials is by now indisputable. It was
noted as long ago as 1983 by Rehn and Okamoto [23] that the
depletion of an undersized solute at a point defect sink had never
been observed; we believe that this is still the case today. It is also
true, for the most part, that oversized solute atoms tend to become
depleted at point defect sinks as a consequence of radiation
same area (see arrowheads) in a Ni–6 at.% Si alloy irradiated at 500 �C to a dose of
n loops in the DF image, taken using a (100) superlattice reflection.



Fig. 2.2. Dark-field images of 3 different manifestations of RIP in undersaturated Ni–Si alloys irradiated by 400 keV protons: (a) discontinuous precipitation at a grain
boundary, Ni–8 at.% Si, 0.42 dpa, 450 �C; (b) RIP at a coherent twin boundary, Ni–6 at.% Si, 0.42 dpa 550 �C; (c) a continuous surface film of Ni3Si, showing the anti-phase
domain boundary structure, Ni–6 at.% Si, 0.06 dpa, 500 �C. From Ardell and Janghorban [15].

Fig. 2.3. Bright field (BF) and dark field (DF) TEM micrographs of a Pd–18%W sample irradiated with 400 keV protons to a dose of 1.7 dpa at 600 �C then aged for 4 weeks at
600 �C [16]. The arrows show the same region in each micrograph. The DF image was taken using a superlattice reflection.
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damage. The most notable exception to this behavior in fcc sys-
tems are the observations the segregation of oversized Ge atoms
to interstitial dislocation loops and voids [24] and the segregation
of Ge to the free surface [23] of irradiated undersaturated Ni–Ge
alloys. These experiments resulted in the formation of Ni3Ge pre-
cipitates (Ni3Ge is isostructural with Ni3Si) at the specified point
defect sinks. Gupta and Lam [25] explained these observations by
calculating the binding energy of mixed Ni–Ge dumbbell intersti-
tial complexes and showing that it is large enough to enable the
segregation of Ge by interstitial diffusion, analogous to the behav-
ior of Ni–Si complexes.

Undersized solutes in bcc alloys also segregate to point-defect
sinks. Chakin et al. [26] reported the segregation of Fe to free sur-
faces in a Cr–35 wt.% Fe alloy neutron-irradiated at 750 �C (Fe is
undersized in Fe–Cr alloys [27]), while Erck and Rehn [28] showed
that Re segregates to free surfaces in several ion-irradiated Mo–Re
alloys, in which Re is reported to be undersized according to the
atomic volumes tabulated by King [29]. Meslin et al. [30] used
APT to observe the clustering of Mn at unidentified defects in a
model a-Fe alloy containing 1 at.% Mn irradiated by 10 MeV Fe ions
at 400 �C to a dose of 0.5 dpa. Wakai et al. [31] found RIS of Cr to
dislocation loops in several binary Fe–Cr alloys electron irradiated
at temperatures ranging from 300 to 700 �C, while Bhattacharya
et al. [32] observed RIS of Cr to dislocation loops in 3 binary Fe–
Cr alloys self-ion irradiated at 400 �C. Interestingly, both Mn and
Cr are slightly oversized [27,33], so while the findings in Ni–Ge
alloys appear to be unique in fcc systems, bcc alloys clearly behave
differently. Meslin et al. [30] suggest that Mn interstitials are
dragged by mobile point-defect clusters, while Bhattacharya
et al. [32] invoke coupling between the point-defect and Cr fluxes
to their point-defect sinks. However, the operation of other mech-
anisms cannot be excluded.
The examples of RIS discussed to this point are explained by the
coupling or binding of solute atoms and interstitials. Well over four
decades ago Aust et al. [34] recognized that the binding of vacan-
cies to substitutional solute atoms could produce solute segrega-
tion to grain boundaries (GBs), producing significant hardening.
In this case excess vacancies were produced by rapid quenching
from a high temperature, not by irradiation. This phenomenon,
which is now called thermal non-equilibrium solute segregation
(TNES), was invoked by Aust et al. [34] to explain the results of
Westbrook and Aust [35], who observed significant increases in
microhardness near GBs in bicrystals of Pb doped with Sn, Ag, Au
or In and air-cooled from temperatures in the range 200–300 �C.
TNES has since been observed in many materials, including auste-
nitic and ferritic steels. A representative concentration profile for
the TNES of Cr, taken from the work of Goodwin et al. [36], is
shown in Fig. 2.4. The steel is Type 304, which was solution treated
at 1050 �C, cooled at �20 �C/s and examined by analytical electron
microscopy. The data on this unirradiated specimen show that the
concentration of Cr at grain boundaries is �7 wt.% larger than in
the bulk.

Nearly concurrently with the work of Aust, Westbrook and co-
workers [34,35], Howard and Lidiard [37] realized that the flow
of excess vacancies to an excellent point-defect sink, like a general
GB, could actually produce a deficiency of solute provided that the
solute atoms diffused more rapidly than the host solvent atoms. In
other words, a flux of vacancies toward the GB could induce a flow
of solute atoms in the opposite direction; strong binding between
solute atoms and vacancies was not needed to induce solute segre-
gation at sinks. Indeed, Anthony and Hanneman [38] proposed that
solute depletion could occur at GBs or free surfaces even in the face
of positive binding between solute atoms and vacancies. Anthony
[39] developed this idea quantitatively and demonstrated its



Fig. 2.4. Thermal non-equilibrium segregation (TNES) of Cr to a grain boundary in a
Type 304 stainless steel cooled from 1050 �C to room temperature at �20 �C/s. Data
of Goodwin et al. [36].

Fig. 2.5. Schematic diagram illustrating the fluxes of vacancies and atoms in the
inverse Kirkendall effect.
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consequences in selected physical situations. Marwick [40] was
apparently the first to recognize that solute depletion by the flow
of vacancies toward point-defect sinks could produce solute
Fig. 2.6. (a) Schematic concentration profiles freely adapted from the drawing publish
concentration profiles measured by Norris et al. [41] illustrating the depletion of Fe and
471 �C.
segregation during irradiation; he called this the ‘‘Inverse Kirk-
endall Effect”, now known generally as the IKE.

The IKE in a binary A–B alloys is illustrated schematically in
Fig. 2.5. In this example A atoms diffuse faster than B atoms, hence
the flux of vacancies toward the point-defect sink induces a prefer-
ential flux of A atoms in the opposite direction. The sink becomes
depleted in A atoms and since the overall concentration of A + B
atomsmust remain constant, the sink becomes enriched in B atoms.

The prescience of Anthony and Hanneman [38] regarding RISR
is also illustrated in Fig. 2.6(a), where their schematic composition
profiles at a grain boundary are compared with real composition
profiles of Ni and Fe in a neutron-irradiated steel [41]. The profiles
published by Anthony and Hanneman [38] preceded the discovery
of RIS. Nevertheless, they bear a remarkable resemblance to the
composition profiles reported by Norris et al. [41] in Fig. 2.6(b).
We emphasize here that these similarities do not imply that the
experimental concentration profiles were created by the IKE. The
main point is that profiles like these can arise through different
segregation mechanisms, and that the mechanism cannot be
inferred simply from the profiles themselves.

Modeling, both at the continuum scale and at the atomic scale,
has been widely used to reproduce and predict segregation pro-
files, and to identify segregation mechanisms. This modeling
requires the calculation of the coupling between point defect
fluxes and atomic fluxes, as illustrated in Fig. 2.5 in the case of
IKE. The quantitative determination of this coupling remains a
challenge, especially in non-dilute alloys, as migrating point
defects sample a complex configurational space, influencing the
redistribution of chemical species. Research on these issues contin-
ues to this day, and involves a combination of theory, atomistic cal-
culations, Monte Carlo simulations and phase-field modeling. The
ultimate objective is to inform the design of radiation-damage
resistant materials over the vast range of length scales from the
atomic, through the nano-meter and micro-meter microstructural
scales to the design stage. In the remainder of this review article
we focus on the progress in theory, modeling and experiments,
emphasizing advances in understanding of RIS down to the small-
est of length scales.
ed by Anthony and Hanneman [38] at a GB in a quenched alloy; (b) RIS induced
enrichment of Ni at a grain boundary in a stainless steel irradiated by neutrons at
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3. Diffusion under irradiation conditions

Point defects are continuously created under irradiation, pro-
ducing defect supersaturations. A first consequence of these super-
saturations is that thermally activated diffusion of chemical
species is accelerated, a phenomenon referred to as radiation-
enhanced diffusion. A second consequence, already noted, is that
the supersaturations produce net permanent fluxes of point defects
to sinks. As illustrated in Fig. 2.5, the coupling between the diffu-
sion of point defects and chemical species can lead to solute redis-
tribution. Such coupling can be very complex, especially in
concentrated alloys. The first quantitative models of coupling were
thus mostly concerned with dilute alloys, where a rather small set
of atomic configurations and jump frequencies is sufficient to cap-
ture the main physical effects, as illustrated below.

In dilute alloys, solute redistribution occurs by the motion of
vacancy-solute and/or interstitial-solute complexes. To simplify
subsequent discussion, complexes involving vacancies and solute
or solvent atoms will be referred to as V–S complexes. Their inter-
stitial counterparts will be called I–S complexes. Solute redistribu-
tion can occur via the migration of these complexes, provided that
their dissociation energies are much larger than their migration
energies. The migration of V–S and I–S complexes is disarmingly
difficult to quantify. We present some relevant examples to illus-
trate the difficulties.

An early attempt at describing the motion of a V–S complex in a
dilute binary alloy is shown in Fig. 3.1(a), adapted fromWiedersich
and Lam [42]. Assuming that the interactions between a solute
atom and a vacancy are restricted to the first nearest neighbor
shell, there are only five distinct jump frequencies. These jump fre-
quencies, indicated by the xi (i = 0–4), differ whenever the nearest
neighbor atoms or vacancies differ (the numberings are consistent
with the descriptions of Howard and Lidiard [37] and Howard and
Manning [43]). For example, the atoms with jump frequencies x1

and x4 are both nearest neighbors of the oversized solute atom
(black), but their other nearest neighbors are different, so their
xi into the neighboring vacant sites differ from each other and
all the other atoms. Diffusion in this model is expressed in terms
of ratios of the calculated jump frequencies, which depend on
Fig. 3.1. (a) The atom configurations around two vacancies in a dilute substitutional alloy
of the atoms are labelled differently to emphasize that their jump frequencies into the vac
is adapted from Wiedersich and Lam [42]; (b) illustrating the additional jump frequen
solutes. The jumps indicated by the arrows are affected because the second nearest nei

Fig. 3.2. Illustration of the diffusion of a mixed dumbbell interstitial by rotation inside th
with a neighboring solvent atom (larger open circles). The diagram is adapted from Wie
the V–S binding energy. In fcc dilute alloys the diffusion of solute
atoms can be explained using the 5 jump frequencies depicted in
Fig. 3.1(a). This becomes inadequate when the solute concentration
increases, as illustrated in Fig. 3.1(b). The insertion of only 2 more
oversized solute atoms changes the jump frequencies of many of
the atoms neighboring the vacancies, designated as x�

i , increasing
the number of jump frequencies needed to model diffusion. The
added complexity illustrates the need for new approaches to mod-
eling diffusion in concentrated alloys.

The diffusion of interstitials is also much more difficult to quan-
tify when the solutions are concentrated than when they are
dilute. Consider the example of the motion of an I–S complex
shown in Fig. 3.2, also taken from the article by Wiedersich and
Lam [42]. This figure describes the possible jumps of an interstitial
atom from one lattice position to another in a dilute alloy. The
interstitial atom is part of an I–S complex in the so-called mixed
dumbbell configuration, which is depicted in Fig. 3.2 as a solute–
solvent atom pair sharing a lattice site. We emphasize that the for-
mation of mixed dumbbells is possible only when self-interstitials
have been introduced into the crystal by irradiation; the formation
of I–S complexes under thermal equilibrium conditions is essen-
tially impossible. In the example shown in Fig. 3.2, the solute atom
migrates from the upper left position to the lower right position by
rotation of the mixed dumbbell. The configuration shown in
Fig. 3.2 is not unique; other possible configurations for the migra-
tion of mixed dumbbells are discussed by Wiedersich and Lam [42]
and Robrock [44]. Diffusion of undersized interstitial solute atoms
in irradiated dilute face-centered cubic alloys is quite complicated
to predict theoretically, even for mixed dumbbells in h100i orien-
tation. Approximate solutions can be found in papers by Johnson
and Lam [45] and Barbu [46]. In concentrated solid solutions, even
those exceeding 1 at.% or so, the configurations depicted in Fig. 3.2
are unrealistic for a variety of reasons: I–S complexes can have
other I–S complexes as nearest neighbors; I–S complexes can be
replaced by solute–solute atom complexes; both types of intersti-
tial atom complexes can have more than one solute atom, or even
vacancies as nearest neighbors. It goes without saying that the
number of jump frequencies that must be accounted for in any the-
ory increases dramatically as the solute concentration increases.
(�3% solute) containing an oversized solute atom (black). The jump frequencies,xi,
ant lattice site are different and influenced by their local surroundings. The diagram
cies associated with atoms in concentrated alloys containing about 10% oversized
ghbors of the atoms are different in (a) and (b).

e unit cell, followed by exchange of the undersized solute atom (small filled circle)
dersich and Lam [42].
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The relatively straightforward discussion involving the compli-
cations inherent in describing the diffusive transport of atoms in
concentrated solid solutions illustrates the difficulties in formulat-
ing theories of diffusion in irradiated alloys. We have so far consid-
ered only the complications associated with jump frequencies.
Another important factor that must be considered is the correla-
tion associated with various jumps from one lattice configuration
to another. Simply put, correlation in the context of diffusion
describes the probability that an atom or complex will exchange
positions with a new site instead of returning to the site or config-
uration from which it has already jumped. In diffusion by the
vacancy mechanism in pure metals an atom that has jumped from
one lattice site to another is most likely to jump right back into its
previous site, everything else being equal. This is not so for the
vacancy with which the atom exchanged places, since the vacancy
in an fcc crystal has 12 nearest neighbor positions to choose from.
The quantitative impact of correlation in diffusion is described the
‘‘correlation factor” or ‘‘correlation coefficient”, which is usually
designated by the symbol f. The magnitude of f depends on the
mechanism of diffusion and the underlying crystalline lattice
[47–49] and always ranges in value from 0 to 1. If the diffusion
of a given atomic species is uncorrelated, its value of f = 1; in
self-diffusion in a pure metal the motion of vacancies is uncorre-
lated. If f = 0 an atomwill always exchange positions with the same
vacancy and will never migrate.

One other factor affects diffusion by the vacancy mechanism. It
is the so-called ‘‘vacancy wind factor” introduced by Manning [50]
and generally designated by the symbol S. The vacancy wind
affects diffusion only in solid solutions and exists primarily in
response to a vacancy flux. This causes each atom to have a slightly
increased probability of jumping in a direction opposite to the
vacancy flux, i.e. in the direction in which the local concentration
of vacancies is larger. As might be expected, S is dependent on f,
and under some conditions the influence of S on diffusion is not
negligible.

Deriving theories of diffusion, taking into account the formid-
able landscapes for the transport of atoms in concentrated solu-
tions, is clearly a daunting task. Since the number of independent
jump frequencies that contribute to macroscopic transport
increases dramatically with the number of solute atoms surround-
ing a diffusing atom, it becomes more advantageous to consider
kinetic models that average out the effect of the surrounding solute
atoms. Significant progress has been made recently using the self-
consistent mean-field (SCMF) kinetic formalism introduced by
Nastar et al. [51–53], which was recently reviewed by Nastar and
Soisson [2]. The introduction section in the paper by Nastar et al.
[51] is particularly helpful in documenting the history of earlier
theories of diffusion leading up to the SCMF theory. This formalism
starts from a general expression for the fluxes of chemical species
and point defects as linear combinations of the driving forces, i.e.,
the gradients of the chemical potentials. Owing to the kinetic cou-
pling between the migration of all these species, the coefficients
relating fluxes of species ‘‘i” to forces of species ‘‘j” are expressed
in terms of the jump frequencies that determine the probabilities
of a given transition from one lattice site to another. An expression
for these macroscopic kinetic coefficients is derived in terms of the
atomistic-scale thermokinetic parameters of the alloy of interest.
This derivation relies on the use of effective atomic interactions
that capture the correlations in the coupled migration of the differ-
ent species.

A detailed presentation of the SCMF method is beyond the
scope of the present review. It is useful to note however that three
different types of approximation are used in that approach. The
first approximation concerns the energetics: the internal energy
of a microscopic configuration is expressed as a sum of cluster
interaction energies weighted by the occurrence of each cluster;
in the simplest approximation, these interactions are restricted
to pairs, but triplet and tetrahedron interactions can be included
as well, especially since they can now be routinely extracted from
first principles calculations. The second type of approximation per-
tains to the calculation of configurational entropy: the infinite ser-
ies of correlation functions of lattice site occupation needs to be
truncated to yield closed-form expressions. Truncation beyond
the one-site, two-site, three-site. . .correlations corresponds to the
so-called point, pair, triplet approximations; this helps clarify the
terminology frequently used in publications that invoke the SCMF
method. The cluster variation method provides a general formal-
ism for generating and implementing these approximations [54].
We note that these first two types of approximation involving
energetics and statistics are characteristic of mean-field models.
The third type of approximation introduced in the SCMF are so-
called effective interactions that take into account the fact that,
in the presence of a non-zero net flux, the probabilities of finding
given pairs, triplets,. . .of diffusing species deviate from their equi-
librium values. These deviations originate from the correlated
migration of atoms and point defects, and thus the effective inter-
actions capture these correlations. Pairwise effective interactions
are often used for simplicity since they often provide results that
compare very well with full Monte Carlo simulations, but higher
order effective interactions can be employed as well. One last
important point concerns the range of these effective interactions.
As described for instance by Garnier et al. [55], this range can be
physically related to the various shells within which correlation
effects are taken into account. The SCMF approach, which was orig-
inally derived for vacancy-mediated atomic transport, has been
extended to interstitial migration [56,57], and recently, to include
stress effects [58–60]. We discuss the impact of these diffusion
models on RIS in Section 4.
4. Theories of RIS

Multiple approaches have been employed over the years to
model and predict RIS in dilute and concentrated alloys. Until the
last decade or so, these models relied on simplified treatments of
the alloying effects on correlation coefficients, e.g. the assumption
f = 1 in some models, but they were nevertheless able to capture
important physical effects and to help understand experimental
data. More recently, through advances in first principles computing
of jump frequencies and in the development of mean-field kinetic
theories such as the SCMF approach, new RIS models have been
aiming for quantitative and alloy-specific predictions. We first
review an important example of the earlier models and its applica-
tion to RIS in Ni–Si alloys. We then highlight some of the recent
developments, in particular for austenitic, ferritic and ferritic/-
martensitic steels.
4.1. Mean-field rate-theory models

The first important family of RIS models was built around a phe-
nomenological description of diffusion in concentrated binary
alloys at the continuum level using the random alloy model of
Manning [61]. In Manning’s model, diffusion of chemical species
A and B is characterized by two distinct jump frequencies, one
for each type of atom, and these frequencies are assumed to be
independent of their local environments. The most important early
RIS model built on this assumption is the rate-theory model intro-
duced by Wiedersich et al. [62]. Other models in this class, includ-
ing those of Marwick [40], English et al. [63] and Wolfer [64], who
used an approach based on the thermodynamics of irreversible
processes. A related, but alternative approach was proposed by
Grandjean et al. [65]; it included the effect of local chemical



Fig. 4.1. Plot of Ni3Si surface film thickness vs. square root of the dose as a function
of temperature (in �C, shown next to each curve) in a Ni–12.7 at.% Si alloy irradiated
by 2 MeV He+ ions at a dose rate of 2.6 � 10�5 dpa/s. The plot is adapted from Fig. 6
in the paper by Averback et al. [68].
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environments on jump frequencies by using a mean-field model on
a lattice, with a point approximation for the configurational
entropy [66].

Due to its importance and early success in capturing the details
of RIS in Ni–Si alloys, we describe here the theory of Wiedersich
et al. [62] (the WOL theory) of RIS in concentrated alloys. Their
model is an extension of the original kinetic rate theory of Johnson
and Lam [45], which is valid only for dilute solid solutions and uti-
lizes models for diffusion of point-defect solute-atom complexes
such as those depicted in Figs. 3.1 and 3.2. The Johnson-Lam model
cannot be used to describe diffusion in concentrated solid solutions
because the probabilities that vacancies or interstitials have only
one solute atom as a nearest neighbor are very small, as illustrated
in Fig. 3.1(b). The jump frequencies of the atoms neighboring a
vacancy, as well as other parameters, e.g. f for the individual atoms,
can then no longer be estimated with any degree of accuracy. Like-
wise, when the concentration of undersized solute atom increases
the number of solute–solute dumbbells will increase, so calcula-
tions of diffusion involving only the transport of mixed dumbbells
become unrealistic.

To deal with the formidable problem of formulating a theory of
diffusion involving the numerous types of point-defect solute-
atom complexes, WOL introduced the idea of partial diffusion
coefficients related to 4 different partial diffusivity coefficients in
a binary alloy. The partial diffusivity coefficients are defined by
the equations

dA;B=v;i ¼ 1
6
xA;B=v;ib

2
v ;iZv;i; ð1Þ

where the subscripts on dA,B/v,i represent partial diffusivity coeffi-
cients of A or B atoms, respectively, by interchange with vacancies
(v) or interstitials (i); these are identical to the partial diffusivity
coefficients of vacancies or interstitials by interchange with A or B
atoms. The quantities bv,i and Zv,i are the jump distances and coor-
dination numbers, respectively, of vacancies and interstitials, which
can differ in principle. The important quantities in Eq. (1) are the
xA,B/v,i, which represent the effective jump frequencies with which
A or B atoms exchange places with vacancies or interstitials. These
equations are readily extended to multi-component alloys [67] and
have temperature dependencies of the Arrhenius type, with activa-
tion energies that can be very difficult to estimate because the point
defects and solute atoms can be bound to, or repelled from the indi-
vidual atoms, or groups of atoms, in the crystal. Additionally, as
indicated earlier, these energies (hence jump frequencies) should
depend on the configuration of the solute-atom-point-defect com-
plex and on the composition of the alloy.

The WOL theory next prescribes equations for the fluxes of the
various components in the alloy system, including not only the
atomic species, but also the vacancies and interstitials. This is done
by first defining partial diffusion coefficients in terms of the partial
diffusivity coefficients by the equations

DA;B=v;i ¼ dA;B=v;if A;B=v;iCv;i ð2aÞ
and

Dv;i=A;B ¼ dA;B=v;if v;i=A;BCA;B; ð2bÞ
where the concentrations Cv,i and CA,B are atomic fractions and fA,B/v,i
and fv,i/A,B are correlation coefficients for the jumps of A or B atoms
into vacant or interstitial sites and the corresponding correlation
coefficients for vacancy and interstitial jumps with A and B atoms,
respectively. Note that fA,B/v,i – fv,i/A,B but dA,B/v,i = dv,i/A,B. If the corre-
lation coefficients are all equal to unity, the total diffusion coeffi-
cients for the atoms and point defects are given by the equations

DA;B ¼ DA;Bv þ DA;Bi ð3aÞ
and
Dv;i ¼ Dv;iA þ Dv;iB ð3bÞ

The assumption fA,B/v,i = fv,i/A,B = 1 is one of the major approxima-
tions of the WOL theory [62].

The fully-developed WOL theory predicts that under irradiation
conditions the fluxes of all the atomic species depend on the con-
centration gradients of both vacancies and interstitials, as well as
their own gradients, and that the fluxes of point defects depend
on the gradients of the atomic species as well as their own gradi-
ents. These are the most important distinctions between diffusion
under irradiation and diffusion under normal conditions. With
respect to a fixed lattice plane the fluxes of A atoms, B atoms,
vacancies and interstitials are not independent, and must satisfy
the equation

JA þ JB ¼ �Jv þ Ji: ð4Þ
Wiedersich et al. [62] showed that under steady-state irradia-

tion conditions

rCA ¼ CACBdAidBiX
aðdAiCADB þ dBiCBDAÞ

dAv

dBv
� dAi

dBi

� �
rCv ; ð5Þ

where a is the thermodynamic factor. Eq. (5) follows from the con-
ditions JA = JB = 0 and Jv = Ji. In a coordinate system such as that in
Fig. 2.5 the gradient of Cv is always positive. According to Eq. (5)
the sign of the gradient of CA will therefore depend on the sign of
term in curly brackets, which from Eq. (1) depends on the ratios
of the xA,B/v,i. If the jump frequencies are such that dAv/dBv > dAi/
dBi, the gradients of A atoms and vacancies will have the same sign.
What happens physically is that if A and B interstitial atoms jump
with approximately equal frequencies but A atoms exchange place
with vacancies much faster than they do with B atoms, the diffusion
of A atoms will be faster than the diffusion of B atoms. RIS at the
point defect sink is thus realized by depletion of A atoms and
enrichment of B atoms; this is essentially the IKE.

Examples of the utility of the WOL theory are demonstrated in
Figs. 4.1 and 4.2, which show data of Averback et al. [68] on the
growth rate of Ni3Si surface films in a Ni 12.7 at.% Si alloy. Averback
et al. invoked the WOL theory to derive a model of film growth
using several assumptions: 1. The near-surface region is rapidly
depleted of Si as strongly-bound Si-interstitial complexes migrate
toward the surface and form an Ni3Si film, similar to that seen in



Fig. 4.2. Arrhenius plots of growth rates of the Ni3Si films for the 2 dose rates
shown. The parameters Efv and Emv are defined in the text. Data of Averback et al.
[68].
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Fig. 2.2(c), when the solubility limit is reached; 2. Vacancies play
an important role through their affect on recombination, but they
play no part in diffusion due to the formation of stable Si I–S com-
plexes; 3. A steady-state concentration profile is established in the
bulk alloy behind the surface film, where the solute is depleted as
the film thickens; 4. The solid solution is taken as ideal (this is not
mentioned by Averback et al., but is implicitly assumed). Using a
simplified model of the diffusion geometry to calculate the flux
of solute in the depleted zone behind the growing Ni3Si surface
film, Okamoto et al. [69] had already predicted that the thickness
of the surface film should increase linearly with the square root
of the dose.

The data in Fig. 4.1, as well as other data of Averback et al. [68]
(not shown), illustrate how well the predicted dose-dependence of
the film thickness is observed at all irradiation temperatures. The
growth rate, given by the slopes of the curves in Fig. 4.1, increases
with increasing temperature up to about 565 �C, then decreases
such that the growth rate at 639 �C is actually lower than that at
452 �C. Averback et al. [68] predict that the activation energy for
growth at lower temperatures should be Emv/4, where Emv is the
migration energy of vacancies, but at higher temperatures the
growth rate should decrease with an Arrhenius-type temperature
dependence controlled by the formation energy of vacancies, Efv;
specifically, at high temperatures the growth rate should vary as
exp(Efv/2kT). The theory also predicts that at lower temperatures
the growth rate should increase with decreasing dose rate. The pre-
dicted temperature and dose-rate dependencies are displayed in
Fig. 4.2. While the magnitudes of Emv and Efv are not known with
certainty, the values implied by the results shown in Fig. 4.2, Emv -
� 1.2 eV and Efv � 1.5 eV, are consistent with expectation. Addi-
tionally, the growth rates at dose rates of 2.6 � 10�5 dpa/s are
roughly a factor of 2 higher than those at a dose rate of 3.1 � 10�4 -
dpa/s, which is also consistent with the predictions of Averback
et al. [68].

The physical reasons for the observed temperature dependen-
cies involve the dominant role played by recombination. The rate
of recombination will always increase with an increase in the
vacancy concentration. In solids irradiated at a fixed dose rate Cv
passes through a minimum value at temperatures between 0.3
and 0.5Tm. At high temperatures Cv is controlled by the thermal
equilibrium concentration, which decreases with decreasing tem-
perature. When T < 0.3Tm Cv will decrease with increasing T
because vacancies will migrate more rapidly to sinks (vacancy
motion is always thermally activated, with activation energy Emv,
and increases with increasing T). The rate of RIS is inversely related
to Cv, hence must pass through a maximum at temperatures corre-
sponding to the minimum in Cv. Assuming that the concentration
of Si I–S complexes is unaffected by temperature, the maxima of
growth rate on T seen in Fig. 4.2 are consistent with the tempera-
ture dependencies of RIS, depending on the vacancy formation
energy for vacancies, Efv, at high temperatures and on vacancy
motion, hence Emv, at low temperatures. The lower growth rates
associated with higher dose rates, observed at low temperatures,
are also consistent with the larger vacancy concentrations pro-
duced, leading to increased recombination, thereby reducing the
concentration of I–S complexes and rate of RIS.

4.2. Approaches utilizing the Onsager formalism

The self-consistent mean-field (SCMF) theory of Nastar and
coworkers [51–53] was discussed briefly in Section 3 as a promis-
ing approach to modeling diffusion in concentrated solid-solution
alloys and their behavior under irradiation conditions. We noted
that the starting point was the relationship between the fluxes of
the component species and the driving forces compelling their
transport, namely the gradients of their chemical potentials. Com-
plexity arises from the fact that the fluxes of all the species in the
alloy are potentially influenced by the chemical-potential gradi-
ents of all the other species. The fluxes of the species in a binary
A–B alloy under irradiation conditions (atoms A, B, vacancies and
interstitials) in Eq. (4) are written in terms of the Onsager formal-
ism. Following the procedure presented by Wolfer [64] we first
recognize that there are 2 contributions to JA and JB, specifically

JA ¼ JAv þ JAi ð6aÞ
and

JB ¼ JBv þ JBi; ð6bÞ
where the fluxes JAv, JAi, JBv, and JBi take the contributions of both
interstitials and vacancies to the fluxes of both species into account.
Of course, in the absence of irradiation there are no contributions
from the interstitial fluxes. For consistency with Eq. (4) the vacancy
and interstitial fluxes must also satisfy the equations

�Jv ¼ JAv þ JBv ð7aÞ
and

Ji ¼ JAi þ JBi; ð7bÞ
In the Onsager formalism the fluxes of A and B atoms from the

contributions of vacancies and interstitials, respectively, are repre-
sented by the equations

Jmv ¼ �
X
n

Lvmn

kBT
rðln � lvÞ ð8aÞ

and

Jmi ¼ �
X
n

Limn

kBT
rðln þ lvÞ; ð8bÞ

where the index m represents the atomic species, lm, lv and li are
the chemical potentials of species A, B, v and i, kB is Boltzmann’s

constant and Lv;imn are the so-called Onsager coefficients, which are
material parameters that represent the involvement of vacancies
and interstitials in the transport of A and B atoms. Eqs. (8) show that
the transport of A atoms is influenced not only by vacancies and
interstitials, but also by B atoms and their chemical potential gradi-
ents; the same is true for the transport of B atoms.



Fig. 4.4. Ratio of partial diffusivities for various solutes in bcc Fe as a function of
temperature. Radiation-induced depletion of Cr at sinks is expected for all
temperatures due to the inverse Kirkendall effect (dBv/dAv > 1), while other solute
atoms should segregate at sinks at low temperatures via a solute drag mechanism.
From the calculations of Messina et al. [71].
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Eqs. (8) are actually valid for multicomponent systems, with m
representing atoms A, B, C. . . and the index n representing a sum
over the equivalent number of atoms; in a binary alloy there are
only 2 terms in each sum in Eqs. (8). The Onsager coefficients are
directly related to diffusion coefficients, as one can show starting
from Eqs. (8) that the diffusion coefficient matrix is the product
of the Onsager matrix by the so-called susceptibility matrix, whose
coefficients are the second derivatives of the free energy with
respect to concentrations [70]. Detailed relationships between
Onsager coefficients and diffusion coefficients can be found, for
instance, in the paper by Wolfer [64].

In concentrated alloys the prediction of diffusion geometries for
all the components using the Onsager formalism remains a highly
challenging problem. The main reason for this is that there are no
direct data on the Onsager coefficients, so they must be either indi-
rectly determined from diffusion experiments or calculated using
atomistic simulations and then tested by comparing predicted
with either experimental or computationally generated concentra-
tion profiles. The potential of the SCMF approach is that these
Onsager coefficients can be re-expressed in terms of effective
atomic interactions which result from correlation effects. By limit-
ing the nature and range of these effective interactions, for
instance to pairs of first nearest neighbors, one can obtained a
self-consistent, closed-form expression for these effective interac-
tions, and thus derive expression of the Onsager coefficients.

This is illustrated here for the diffusion of dumbbell interstitial
atoms in a model A–B binary alloy [53,57]. The SCMF model, here
with effective interactions restricted to pairs of first nearest neigh-
bors, provides analytical expressions for the correlation factors;
these are shown in Fig. 4.3, where it is seen that they are in excel-
lent agreement with Monte Carlo simulations over the whole com-
position range. The significance of the information in Fig. 4.3 is that
the correlation coefficients can be significantly different from unity
and can vary with composition, contrary to the assumption made
in the WOL model. The interested reader is advised to read Refs.
[53,57] for exact definitions of the correlation coefficients and
details of their calculation. Accurate values of the correlation coef-
ficients are clearly needed for the quantitative modeling of RIS. The
SCMF approach has been applied to several specific alloy systems
such as Ni–Si [58,60], and dilute bcc Fe–X (X = Cr, Cu, Mn, Ni, P,
Si) alloys [71]. As seen in Fig. 4.4, the inverse Kirkendall effect is
predicted to result in Cr depletion at all temperatures, while the
other solutes become enriched at defect sinks through solute drag
at moderate irradiation temperatures. This work also illustrates
Fig. 4.3. Correlation coefficients as a function of the concentration of B atoms, CB,
for a model A–B binary alloy with interactions between AA dumbbell interstitials
and B solute atoms. The symbols are values directly calculated from Monte Carlo
simulations, while the solid lines are the expressions obtained from the SCMF in the
first-shell approximation for the effective interactions. The four curves labelled A/B
correspond to the correlation factors entering the flux equations for A(B) driven by
the gradient of B(A). From the calculations of Nastar and Barbe [53,57].
that, in the case of dilute alloys, combining first principles calcula-
tions with the SCMF formalism makes it possible to directly calcu-
late the partial diffusivity coefficients and the partial diffusion
coefficients defined in Eqs. (1) and (2) for alloy systems of interest.
In the spirit of the Materials Genome Initiative, this approach
therefore provides an extension of the WOLmodel that can be used
for pre-screening alloy systems and thus reducing the number of
experiments. The full realization of this approach will require an
extension to concentrated alloys, which will be discussed at the
end of this section.

The SCMF approach has also been extended to include stress
effects on transport coefficients [58–60]. This work has uncovered
unexpected coupling between solute transports and stress in dilute
Ni–Si alloys subjected to a volume-conserving uniaxial strain along
one of the cube directions. In this alloy density-functional-theory
(DFT) calculations indicate that the Si solute binds to the vacancy
with an attractive binding energy � 0.1 eV, and one therefore
expects that at low temperatures, where this binding dominates,
the vacancies will drag the Si solute atoms. At high enough temper-
atures compared to the binding energy, one would expect that the
solute–vacancy complexes would no longer be stable, and that the
solute atoms would then flow in a direction opposed to that of the
vacancy flow. This behavior is indeed predicted by the SCMF
model, as seen in Fig. 4.5, which displays the so-called solute-
drag factor LSiv/LSiSi, the transition temperature between these
two regimes is around 1000 K, which is consistent with the Si-
vacancy binding energy of �0.1 eV. The sign of the solute-drag fac-
tor, which can be positive or negative, drives solute transport in
response to the flow of vacancies (Anthony has written an excel-
lent review of the general phenomenon of vacancy wind effects
[72]). Lastly, one would need to extend these results to the case
of interstitial-mediated transport in order to compare the SCMF
predictions for the Ni–Si alloy with the experimental results
reported in Figs. 4.1 and 4.2.

Stress can modify atomic jump frequencies, and thus the Onsa-
ger transport coefficients, and one can thus anticipate that this
would be the case for the transition temperature between the
solute-drag IKE regimes as well. The remarkable prediction, how-
ever, is that the effect is much more complex and depends on
the relative orientation of diffusion with respect to the applied
strains (or stresses). In the case of a volume-conserving uniaxial
strain, for instance, the transition temperature is shifted to lower
and higher values for diffusion along and perpendicular to the
tetragonal axis, respectively, as demonstrated in Fig. 4.5. Conse-
quently, in the temperature regime labeled DT, vacancies should
drag solute atoms in the direction parallel to the uniaxial strain,



Fig. 4.5. Ratio of Onsager coefficients LSiv/LSiSi for a dilute Ni–Si alloy as a function of
temperature. The superscript ‘‘0” in the Onsager coefficients corresponds to a
strain-free system, whereas the superscripts ‘‘11” and ‘‘33” correspond to coeffi-
cients parallel and normal to the applied tensile strain, i.e. e33 = –2e11 = –2e22 = 0.01.
The data points are direct measurements from atomistic KMC simulations for the
strain-free case. Note the excellent agreement between the SCMF predictions and
the KMC results for that case, and the direction-dependent effect of strain on the
transition temperature from solute-drag (LSiv/LSiSi > 0) to IKE mediated diffusion of
Si atoms. From Garnier et al. [58,59].

Fig. 4.6. Radiation-induced segregation at a grain boundary in Ni–Cr predicted by
continuum models including contributions from vacancies only, for two different
boundary conditions, and from ab initio molecular dynamics (AIMD) simulations,
which include contributions from both vacancies and interstitials, compared to
experimental results. Adapted from Barnard and Morgan [79].
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while moving them in the direction opposed to the vacancy flux in
the directions normal to this direction. It has been anticipated that
such effects could lead to complex and intriguing solute flows near
dislocation cores [58]. It is interesting to note that in the case of
pure Ni, DFT calculations yielded an effect of stress on diffusion
anisotropy in excellent agreement with the model of Ardell and
Prikhodko [73]. The work of Garnier et al. [58–60] makes it possi-
ble to extend such investigations to the case of solute diffusion in
alloys.

In addition to advances in the modeling of coupled diffusion in
multicomponent systems, illustrated in the previous paragraphs,
the modeling of RIS has greatly benefited from the maturation
and availability of first-principles calculations. In particular it is
now fairly straightforward to calculate accurately formation ener-
gies of defects, binding energies of solute atoms and defects, and
atom-defect jump frequencies using quantum–mechanical
approaches, e.g., based on DFT calculations [70,74,75]. Current
computing limitations restrict these calculations to a rather small
set of jump frequencies, typically tens to hundreds of frequencies,
but this is sufficient to parameterize the diffusion models dis-
cussed in Section 3.

Vacancy-mediated diffusion in an infinitely dilute alloy on an
fcc lattice involves for instance only 5 jump frequencies when
the solute–vacancy interaction is limited to first nearest neighbors,
as seen in Fig. 3.1. Morgan and collaborators [76–80] have
employed this approach to model RIS in dilute Ni–Fe and Ni–Cr
alloys, used as model systems to understand RIS in austenitic stain-
less steels. They calculated separately the contributions of RIS due
to vacancy and interstitial fluxes as a function of temperature. This
is important as earlier, phenomenological models by Perks and
Murphy [81], Allen, Was et al. [82,83], and Grandjean et al. [65],
concluded that existing data on irradiation-induced Cr depletion
at grain boundaries could be reproduced by using parameters that
produce preferential vacancy–Cr exchanges, with no segregation
contribution from interstitial fluxes. Some of these authors pointed
out however that alternative parameterizations, where interstitial
fluxes would contribute to RIS, could not be excluded. Barnard
et al. [78] showed that in Ni interstitials would preferentially drag
Cr to the grain boundaries, so that the net Cr depletion observed
experimentally could in fact result from a competition between
vacancy-driven Cr depletion and interstitial-driven Cr enrichment.
Using ab initio molecular dynamics (AIMD), Barnard and Morgan
[79] proposed that the moderate Cr-depletion reported experimen-
tally resulted from a partial compensation of Cr depletion through
vacancy diffusion and Cr enrichment through dumbbell interstitial
migration, leading to much better agreement with experimental
results, as illustrated in Fig. 4.6. A complete understanding of Cr
segregation in austenitic steels remains an active research topic
because the segregation effects are very subtle, and predictions
could well be affected by small errors in DFT calculations, as well
as by approximations regarding concentration effects, solute trap-
ping, and defect clustering.

Other examples of the critical role played by first principles cal-
culations can be found in results already discussed in this section.
For instance, the calculation of the segregation or depletion ten-
dencies of solute species in bcc iron, see Fig. 4.4, require the calcu-
lation of the relevant atomic jump frequencies for each solute
element X (X = Cr, Cu, Mn, Ni, P, Si) in Fe. Similarly, the SCMF pre-
dictions of the effect of strain on Onsager coefficients in dilute Ni–
Si require the calculations of all relevant jump frequencies (up to
44 frequencies in the case of an applied shear strain).

5. Experimental observation of RIS

RIS is most frequently found at assorted sinks in the microstruc-
ture, many of which pre-exist irradiation (e.g. grain boundaries and
dislocations), and many of which are produced by irradiation itself
(e.g. dislocation loops and voids). It is perhaps less well appreciated
that RIS can also arise as a consequence of different kinds of self-
organization. In the following sections we consider these various
modes of RIS.

5.1. Self-organization from RIS

The formation of phases that evidently nucleate homogenously
under irradiation, yet clearly involve RIS, is relatively rare. A few
examples are presented here. The first one is the observation of
homogeneous precipitation of Ni3Si in a Ni–8 at.% Si alloy [13].
The microstructure of this alloy is shown in Fig. 5.1. Lam et al.
[84] successfully explained this occurrence using a rate-theory
model which predicted that the large flux of Si solute atoms into
the mid-range region of the proton-irradiated specimens would
enable the Si concentration to exceed the solubility limit at 600 �C.

The explanation for homogeneous precipitation of Ni3Si in the
experiments of Janghorban and Ardell [13] cannot possibly explain



Fig. 5.1. Radiation induced homogeneous precipitation of Ni3Si in a Ni–8 at.% Si
alloy irradiated at 600 �C by 400 keV protons to a dose of 0.25 dpa [13].
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the more recent observations of the clustering of different kinds of
precipitates in neutron-irradiated steels. Experimental observa-
tions of RIS at the smallest length scales have been aided immea-
surably by the advent of atom-probe tomography (APT). The first
reported observations of solute segregation using APT were those
of Miller [85,86], who reported the segregation of P to dislocations
in an assortment of steel specimens and also observed P and/or Cu-
rich clusters that were evidently not associated with defects [85].
Though the alloys investigated by Miller were irradiated, not
enough work was done to affirm that the segregation was radiation
induced, though it probably was. Etienne et al. [87] investigated
the redistribution of solute in 316 SS in an alloy that was neutron
irradiated to 12 dpa at 633 K after having been in service for
17 years. Dislocation loops and small voids were seen using TEM,
but Etienne et al. also observed a high number density
(6 � 1023 m�3) of clusters, �6 � 8 nm in size, enriched in Ni and
Si but depleted in Cr and Fe. Their results are reproduced in
Fig. 5.2. Segregation of Mo and P at the interfaces of these clusters
was also observed, and features described as atmospheres of Si
were also reported. Etienne et al. [87] suggested that the Ni–Si-
enriched clusters were associated with dislocation loops, but the
association is tenuous and we would have no qualms about catego-
rizing these findings as products of self-organization. Radiguet
et al. [88] investigated the radiation-induced microstructures of
Fig. 5.2. APT images of solute redistribution observed by Etienne et al. [87] in a
Type 316 austenitic steel neutron irradiated at 633 K to a dose of �12 dpa. The
length of each image (left to right) is �66 nm and the volume of the tip is slightly
less than 6500 nm3. Si- and Ni-rich clusters are visible, while Cr and Fe are depleted
in the same regions.
nanocrystalline 316 SS prepared by high-pressure torsion. Using
APT and TEM, they observed the RIS of Si and Ni at GBs, but did
not observe Si-rich clusters in the grain interiors. It is possible that
RIS to GBs eliminated the cluster formation seen by Etienne et al.,
but the differences reported in the 2 sets of experiments were not
discussed, even though some of the same researchers were
involved in both sets of experiments.

Toyama et al. [89] reported the presence of uniformly spatially
distributed Si-rich clusters in neutron-irradiated Type 304 stain-
less steel. An example of their results is shown in Fig. 5.3. Not only
are the clusters enriched in Si, they are also enriched in Mn, P and
Ni, and somewhat depleted in Fe. Toyama et al. also observed dis-
location loops in their specimens, but pointed out that the number
density of clusters exceeded the number density of dislocation
loops by nearly an order of magnitude (4.2 ± 2.1 cf.
0.61 ± 0.13 � 1023 m–3). The clusters were also resistant to anneal-
ing at 400 �C, but coarsened on annealing at 500 �C. These findings
suggest that the clusters are possibly stable precipitates, the
appearance of which is promoted by enhanced diffusion at
300 �C. The concentrations of Si, Mn and P in the alloy were 1.5,
0.97 and 0.02 at.%, respectively. The equilibrium solubilities these
elements in 304 SS are unknown, so it is conceivable that enhanced
diffusion provides an explanation, especially since the clusters are
stable on annealing at higher temperatures. Until the solubility
limits of these elements have been measured, the mechanism of
their formation cannot be identified with certainty.

Clustering during irradiation has also been observed by APT in
neutron-irradiated ferritic or ferritic/martensitic (F/M) steels by
Kuksenko et al. [90], as shown in Fig. 5.4. They found two kinds
of clusters, Ni–Cr–Si–P rich with approximate compositions of
1.2, 24.2, 7.9 and 3.3 at.%, respectively, and Cr-rich clusters con-
taining about 58.5 at.% Cr and 0.65 at.% Si. They attributed the for-
mation of Cr-rich clusters to irradiation-enhanced precipitation,
since the alloy contained almost 11 at.% Cr, but the formation of
the Ni–Cr–Si–P clusters was attributed to RIS. In support of this
Fig. 5.3. Elemental maps of solute atoms reported, using APT, by Toyama et al. [89]
in a Type 304 austenitic stainless steel neutron-irradiated to a dose of 24 dpa at
300 �C. The volume of each tip is �2.56 � 105 nm3. Enrichment of Si, Mn, P and Ni is
plainly visible. Depletion of Fe and Cr is observed, but is not quite as apparent.



Fig. 5.4. Radiation induced clusters observed by Kuksenko et al. [90] in a ferritic Fe–
12 at.% Cr steel after neutron irradiation at 300 �C to a dose of 0.6 dpa. Ni–Si–P
clusters, 6 in all, are marked by asterisks, while Cr-enriched clusters are the darker
ones. The dimensions of the rectangle are 30 � 30 � 55 nm.

Fig. 5.5. Dark-field images of b-phase (Zn) particles in an undersaturated electron-
irradiated Al–1.9 at.% Zn alloy electron-irradiated at 185 �C at 9.1 � 10–3 dpa/s to a
dose of 45 dpa. From Cauvin and Martin [93].

126 A.J. Ardell, P. Bellon / Current Opinion in Solid State and Materials Science 20 (2016) 115–139
conjecture Kuksenko et al. noted that they could not find a corre-
lation between the clusters and point defect sinks such as disloca-
tion loops.

Observations similar to those shown in Figs. 5.1–5.4 have been
reported by other investigators in ferritic and austenitic steels.
Meslin et al. [91] observed Mn-rich clusters in an ion-irradiated
ferritic steel containing only 1 at.% Mn. This alloy is undersaturated
at the irradiation temperature of 400 �C. The Mn-rich clusters were
inhomogeneously distributed throughout the alloy, and while the
authors suggested that the clusters formed as a consequence of
RIS to a planar feature, that feature remains unidentified. Jiao
and Was [92] observed a variety of clusters of different chemistries
by APT in a proton-irradiated F/M steel designated HCM12A. Cu
and Cr-rich precipitates were found and attributed to irradiation-
enhanced diffusion, but there was no correlation reported between
small Ni/Si/Mn-rich precipitates and defects that could be posi-
tively identified as dislocation loops, so we surmise that these pre-
cipitates may have been radiation-induced by self-organization.

From a modeling perspective, homogeneous radiation-induced
segregation and precipitation can be rationalized using the model
developed by Cauvin and Martin [93–96]. This model captures
the evolution of vacancies, interstitials, and solute atoms in a dilute
alloy under irradiation. Under suitable conditions of thermody-
namic and kinetic coupling between point defects and solute
atoms, an undersaturated solid solution which is initially in ther-
modynamic equilibrium can become unstable under irradiation
for highly specialized combinations of interactions and complexes
among point-defects and solute atoms. The recombination of such
complexes stimulates the spontaneous growth of local solute-rich
zones, which can then evolve into solute-rich precipitates. The
original theory of Cauvin and Martin [93] was conceived to explain
their observations of homogeneous precipitation of b-phase
(essentially pure Zn) particles in undersaturated binary Al–Zn
alloys, which were High-Voltage Electron-Microscope (HVEM)-
irradiated at temperatures in excess of the solubility limit. An
example of the microstructure is shown in Fig. 5.5

A detailed analysis of the linear stability of candidate solid solu-
tions under irradiation has been carried out by Martin [97], provid-
ing the general conditions for homogeneous RIS and RIP. A simpler
requirement, presented by Cauvin and Martin [93], is that the
solute should bind with either vacancies or interstitials, and that
the solute flux should couple to point defect fluxes so as to pro-
mote the amplification of local solute composition fluctuations.
Badillo et al. [98] used phase field modeling to explore this sce-
nario. They considered an undersaturated A8B92 alloy, where
vacancies bind preferentially to solute atoms (component A), and
where interstitials exclusively transport A atoms. As predicted by
Cauvin and Martin for such a system, composition fluctuations
grow after long enough irradiation dose, resulting in the formation
of solute-rich precipitates, see Fig. 5.6. The physical origin of this
instability is that regions with a slight solute-atom enrichment
attract more vacancies, resulting in a higher local recombination
rate, setting up in turn a net flux of point defects to these regions.
In this case, the interstitial flux transports A atoms, and, after a
recombination event, an A solute atom is left on a substitutional
site in the region initially already enriched in solute, thus amplify-
ing the growth of these composition fluctuations.
5.2. RIS at dislocations

The initial observations of RIS at dislocations was reported by
Barbu and Ardell [10], who conjectured correctly that RIS was
responsible for the precipitation of Ni3Si at faulted dislocation
loops in an undersaturated binary Ni–Si alloy (see Fig. 2.1). RIS at
faulted dislocation loops in neutron-irradiated austenitic stainless
steel was first reported by Kenik [99], who used AEM to observe
the segregation of Cr at edge-on loops. There have since been
numerous observations of precipitation at dislocation loops in irra-
diated fcc alloy solid solutions. RIS to dislocation loops in bcc alloys
was not observed until the work of Wakai et al. [31]. They reported
the appearance of the a0 phase in binary Fe–Cr alloys HVEM-
irradiated from 300 to 700 �C by 1 MeV electrons, and attributed
the formation of the a0 phase to RIS of Cr.

In a subsequent investigation of RIS in Type 316 austenitic
stainless steel, Etienne et al. [100] found different intragranular
features, including perhaps the first observation using APT of Si-
enriched torus-shaped clusters (see Fig. 5.7); these could only have
formed by RIS to dislocation loops. Interestingly, the enrichment of
Si at different kinds of sinks was different, being lowest at GBs and
highest at ‘‘rounded” clusters. The magnitude of RIS measured by
Etienne et al. was higher than what was previously reported in
the literature, prompting the authors to suggest that techniques
other than APT might underestimate the peak values of RIS.

Additional work by Etienne et al. [101] on Fe+-ion irradiated 316
SS clearly showed the formation of Frank loops and solute clusters



Fig. 5.6. Irradiation-induced homogeneous precipitation in a two-dimensional undersaturated A8B92 alloy with a positive heat of mixing. The local solute composition field is
displayed as a function of spatial coordinates x and y, in lattice cell units. The displacement rate is 2 � 10�7 dpa/s; composition fluctuations developed after 11 dpa (a), and
resulted in the formation of precipitates after 40 dpa (b). Computational modeling results of Badillo et al. [98].

Fig. 5.7. A Si loop shaped cluster observed by Etienne et al. in a Type 316 austenitic
steel irradiated at 350 �C by Fe5+ ions to a dose of �10 dpa. The height of the
bounding box is 34 nm.

Fig. 5.8. Planar dislocation loops observed by Bhattacharya et al. [32] in a Fe–5.8 at.
% Cr alloy irradiated by 2 MeV Fe2+ ions to a dose of 45 dpa at 500 �C. The weak
contrast in the interior of the elongated loops is interpreted as displacement fringe
contrast brought about by the segregation of oversized Cr atoms.
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enriched in Si and, in some cases, also enriched in Ni and depleted
in Cr. Irradiation at 350 �C to doses between 0.5 and 5 dpa estab-
lished a convincing correlation between the number densities of
dislocation loops and solute clusters. This result, which is com-
pletely at variance with the findings of Toyama et al. [89] in their
neutron-irradiated Type 304 stainless steel (Fig. 5.3), suggests that
solute clusters nucleate heterogeneously on dislocation loops and
that Si atoms are dragged to sinks by an interstitial mechanism.
The results obtained from specimens irradiated at 300 and 400 �C
showed that the extent of solute enrichment increased with
increasing irradiation temperature.

RIS to dislocation loops in bcc alloys has been observed by sev-
eral investigators [31,32,102]. Wakai et al. [31] interpreted con-
trast in TEM images of an electron-irradiated binary Fe–Cr alloy
as evidence of the segregation of Cr to dislocation loops, forming
the a0 phase. Bhattacharya et al. [32] thoroughly investigated the
irradiation-induced microstructures of binary Fe–Cr alloys using
dual-beam (He+ and Fe+) irradiations to a range of doses at
400 �C. An example of the contrast observed at large planar loops
is shown in Fig. 5.8, where the segregation is manifested as dis-
placement fringe contrast. The segregation of Cr to the dislocation
loops was measured using both Scanning-Transmission-Electron-
Microscopy (STEM) and APT, and the Cr concentration on the loops
was found to be smaller than the concentration of the a0 phase at
the irradiation temperature, which suggests that the displacement
fringe contrast seen in Fig. 5.8 is not a consequence of RIP of the a0

phase. Cr is oversized in bcc a-Fe (see the compilation of data by
Ghosh and Olson [27]), and the mechanism of segregation to dislo-
cation loops has not yet been identified, but might involve the par-
ticipation of interstitially dissolved carbon atoms.
As is the case for fcc alloys, Si is undersized in a-Fe [27], so per-
haps it is not surprising that Si segregates to dislocation loops in
irradiated ferritic and F/M steels. Jiao and Was [102] report the
enrichment of Si, as well as Ni, Mn and Cu, on dislocation loops
in the F/M steel HCM12A. An example of the RIS of Si at a disloca-
tion loop is shown in Fig. 5.9. Interestingly, Jiao and Was also find
enrichment of Cr in the interior of dislocation loops of comparable
size to that in Fig. 5.9, which is consistent with the results of Wakai
et al. [31] and Bhattacharya et al. [32].

Following the early work of Etienne et al. [87,100,101] and
Radiguet et al. [88], the subsequent research using APT to examine
radiation damage has been highly impactful. Several studies
[103,104] have directly revealed RIS at dislocations and dislocation
arrays other than dislocation loops. Williams et al. [103] found Mn
segregation to what appears to be a dislocation network, Fig. 5.10,
in an oxide-dispersion-strengthened (ODS) ferritic steel. Kuksenko
et al. [104,105] observed segregation to dislocations in low-angle
grain boundaries in model ferritic steels (9 and 12 at.% Cr) irradi-
ated to 0.6 dpa by neutrons at 300 �C. Examples of Si segregation
to dislocations at twist and tilt boundaries, respectively, are shown
in Figs. 5.11 and 5.12; composition profiles normal to the disloca-
tions in the tilt boundary are also shown in Fig. 5.12. It is evident in
Fig. 5.12 that Cr and P, as well as Si, segregate to the edge disloca-
tions in the low-angle tilt boundary.

Jiao and Was [106] investigated RIS in 3 austenitic steels,
including commercial purity 304 (their designation CP304). The



Fig. 5.9. RIS of Si to a dislocation loop observed by Jiao and Was [102] in the ferritic
steel HCM12A irradiated by 2 MeV protons at 400 �C to a dose of 7 dpa.

Fig. 5.10. Segregation of Mn to a dislocation network in the ODS ferritic steel ODS
Eurofer 97 irradiated by Fe2+ ions to a dose of 2 dpa at 400 �C; from Williams et al.
[103].

Fig. 5.11. Segregation of Si at a hexagonal GB dislocation network in a Fe–12 at.% Cr
alloy neutron-irradiated at 300 �C to a dose of 0.6 dpa. The dimensions of the image
are approximately 50 � 70 nm; from Kuksenko et al. [104].

Fig. 5.12. Elemental map showing the distributions of Cr and Si in a low-angle tilt
boundary (upper image) in a ferritic Fe–12 at.% Cr steel neutron irradiated at 300 �C
to a dose of 0.6 dpa [105]. The lower image shows the measured variations in
concentration of Cr, Si and P along the line indicated by the arrow in the upper
image. The authors attribute the displacements of the Cr and Si peaks to the size
differences between the atoms, Si being undersized and Cr being oversized.
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irradiated microstructures were investigated using APT. Both sub-
stitutional and interstitial atoms were found to segregate to the
loops, but in contradistinction to most measurements, the concen-
trations were observed to vary around the loop, as shown for Ni
and Si atoms in Fig. 5.13.

RIS of Si to pure screw dislocations in a neutron-irradiated Type
316 stainless steel has been reported by Hatakeyama et al. [107].
Measurements by APT of the concentration profile across the core
of a screw dislocation are shown in Fig. 5.14. The attraction
between undersized Si atoms and a screw dislocation, with no
dilatational component, is indeed an interesting finding, since
screw dislocations are unexpected dislocation sinks. At the same
time, RIS to screw dislocations in the network in Fig. 5.11 is consis-
tent with the observations of Hatakeyama et al. In other recent
work Hatakeyama et al. [108] observed the segregation of Si, Cr
and Ni to stacking faults in the same neutron irradiated stainless
steel. We regard screw dislocations and stacking faults as relatively
weakly biased point-defect sinks, yet they are quite effective in
serving as sinks for RIS. It would be quite interesting to model such
effects and determine whether their strength is consistent with
these experimental observations.

5.3. RIS at grain boundaries

There have been numerous observations of RIS at grain bound-
aries in alloys. Many of the impactful papers in this field of
research are cited in review articles by Ardell [1], Nastar and Sois-
son [2], Faulkner [109], and Wharry et al. [110]. Most of the
research conducted within the past decade or so in this area of



Fig. 5.13. Variations in the composition of Ni and Si, CNi/Si, around a dislocation loop
in a commercial purity Type 304 austenitic stainless steel irradiated by 2 MeV
protons to a dose of 5 dpa at 360 �C [106]. The diameter of the loop is 12–14 nm and
the measured concentrations were taken in a clockwise direction around the loop
(see inset).

Fig. 5.14. Concentration of Si, CSi, as a function of distance across a screw
dislocation in a modified Type 316 austenitic stainless steel neutron-irradiated at
589 �C to a dose of 56 dpa. Hatakeyama et al. [107] reported error bars for all their
data, but only a few representative error bars are shown.

Fig. 5.15. Elemental spatial distributions (dark patches) of C, B and Mo in the plane
of a random grain boundary in an unirradiated Type 316 stainless steel [116]. The
numbers below each image represent the concentration, in at.%, of the element.
Each image is approximately 82 nm in width.
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radiation effects has concentrated on RIS at grain boundaries in
steels that are candidates for use in so-called Generation-IV
nuclear reactors. The steels in question are either austenitic, ferritic
or ferritic/martensitic. The remainder of this section will focus on
grain boundaries in these kinds of alloys and the factors that affect
RIS, the most important of which are initial GB solute concentra-
tion, GB structure and GB mobility. Other potentially important
factors are the effect of oversize solute atoms and, at the other
end of the size spectrum, the role of interstitial atoms, as well as
dose, dose rate and bombarding species. In this section we review
the existing literature on these topics and describe the extent to
which they are understood mechanistically.
Fig. 5.16. Gibbsian interfacial excess of Cr in a grain boundary in an unirradiated
mechanically alloyed ferritic steel 14YWT NFA, annealed for 24 h at 500 �C [114].
5.3.1. Role of initial GB concentration
Atoms in solid solution segregate to grain boundaries as compo-

nents of the equilibrium microstructure. The literature on this
topic is rich with examples. The reader is referred to several excel-
lent review articles on the thermodynamic and structural aspects
of equilibrium GB segregation and its manifestations, including
TNES [111–114]. The extent of GB segregation is sometimes called
the Gibbsian excess. We tend to think that the coverage of GBs by
the segregation of solute atoms is uniform, which is the way the
Gibbsian excess is treated thermodynamically, but the examina-
tion of GB by APT indicates that this is not the case, even for ran-
dom high-angle GBs. From atomistic simulations of segregation
at heterointerfaces, Demkowicz et al. [115] proposed that, at
boundaries that can be described by a network of misfit disloca-
tions, the solute segregation energy should in fact be considered
as spatially heterogeneous. This is accord with the observations
of Tomozawa et al. [116], who show that the segregation of solute
atoms to GB is inhomogeneous, even in unirradiated specimens.
Examples are shown in Fig. 5.15, taken from an examination of ran-
dom GBs in an unirradiated Type 316L stainless steel. A map of the
Gibbsian excess of Cr in an unirradiated ferritic steel is seen in
Fig. 5.16, taken from the work of Miller and Yao [114]. The impor-
tance of these findings is that segregation prior to irradiation
impacts not only the concentrations of atoms that are enriched
or depleted at GBs, but also their spatial distributions.

The results shown in Figs. 5.15 and 5.16 demonstrate convinc-
ingly that the solute enrichment produced by TNES is not uniform
in the plane of the grain boundary. These findings would have been
nearly impossible using AEM, e.g. those of Goodwin et al. [36]
shown in Fig. 2.4, which average the concentrations within the
boundary through the thickness of the thin foil specimens. It is
nevertheless instructive to learn what happens at GBs on irradia-
tion of specimens in which TNES has occurred. An example from
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the work of Goodwin et al. is shown in Fig. 5.17. At an intermediate
dose of 1 dpa the so-called ‘‘W-shaped profile” is observed, while
at larger doses the profile becomes more comparable to those in
steels in which TNES has not occurred, i.e. a monotonically
decrease of the Cr concentration as the GB is approached. These
findings of Goodwin et al. are not unique. Busby et al. [117]
observed similar behavior in proton-irradiated Type 304 and 316
stainless steels cooled from high temperatures by forced air con-
vection, though the magnitude of TNES was not quite as large.
The features seen in Fig. 5.17 are representative of TNES and RIS
of various elements in austenitic and ferritic steels [117,118] and
will be discussed in more detail in Section 5.5.

5.3.2. RIS at general high-angle grain boundaries
RIS at grain boundaries in steels was first measured quantita-

tively using AEM by Norris et al. [41]. They investigated radiation
effects in an austenitic steel containing �20% Cr, �25% Ni and
�0.8% Nb (all wt.%) irradiated by neutrons in an advanced gas-
cooled reactor. They did not report any segregation in the unirradi-
ated alloy and we assume that no evidence of TNES was found.
Representative results on the segregation of Ni and Fe are shown
in Fig. 2.6. As seen in Fig. 2.6 Ni, which is undersized, is enriched
while Fe is depleted at GBs. At higher temperatures the concentra-
tion profiles are much broader, reflecting the increasingly impor-
tant role of recombination as temperature increases. Kenik [99]
observed profiles similar to those of Norris et al. in neutron-
irradiated Type 304 SS of commercial purity, but also noted that
segregation of Si and P was considerably lower in high-purity steel.
It is often found that the concentration profiles produced by RIS at
grain boundaries do not depend monotonically on distance from
the boundary. This is evident for the profiles of Fe and Ni in
Fig. 2.6, but the profile for Cr (not shown) decreases monotonically
as the GB is approached [41]. This is very different from what is
seen in Fig. 5.17 and could very well be a consequence of the
absence of TNES in the alloy studied by Norris et al. [41].
Fig. 5.17. Data on the Cr concentration, CCr, profiles in a moderately rapidly cooled
Type 304 austenitic stainless steel, neutron-irradiated at 288 �C to the doses
indicated. The uppermost plot illustrates TNES in an unirradiated specimen (see
also Fig. 2.4). The W-shaped profile at intermediate doses is shown in the middle
plot and normal RIS is observed at higher doses. Data of Goodwin et al. [36].
An excellent recent example of RIS at GBs in Type 304 stainless
steel is seen in the work of Toyama et al. [119]. Using laser-assisted
APT, they reported the enrichment of Ni, Si, and P and the depletion
of Cr and Fe at a grain boundary, the character of which was not
specified. The APT images for C, Mn, Si, P, Ni and Cr are shown in
Fig. 5.18. RIS of C and Mn was not observed. Concentration profiles
through the GB are shown in Fig. 5.19. The full-width at half-
maximum of the RIS region was �3 nm for the concentration pro-
file peaks of Ni and Si. The atomic percentages of Ni, Si, and Cr at
the GB were �19%, �7%, and �14%, respectively, which is consis-
tent with previously reported values for neutron-irradiated auste-
nitic stainless steels (see Fig. 2.6 for Ni-enrichment and Fig. 5.17 for
Cr depletion). A high number density of intra-granular Ni–Si rich
precipitates formed in the matrix. A precipitate-denuded zone with
a width of �10 nm appeared on both sides of the GB.

Though it is not at all evident in Figs. 5.18 and 5.19, it is impor-
tant to realize that the distributions of solute in the plane of the GB
are not homogeneous, just as the solute that segregates to GBs in
unirradiated specimens is not homogeneous. This is nicely illus-
trated by the results of Jiao and Was [106], who observed signifi-
cant variations in the concentration of the segregated elements
within the grain boundary plane in their proton-irradiated speci-
mens of Type 304 SS. Examples of the variations of Cr and Si within
the GB plane are shown in Fig. 5.20. Jiao and Was report that the
concentration of Cr varies from 7.8 to 19.1 at.%, while that of Si var-
ies from 3.5% to 9.1% in a steel with nominal concentrations of
19.2% Cr and 2.05% Si. The depletion of Cr and enrichment of Si
observed by Jiao and Was [106] is consistent with the data of
Toyama et al. [119], but the variations of concentration of these
species should come as no surprise when viewed in the light of
the results of Tomozawa et al. [116] and Miller and Yao [114] on
unirradiated steels (Figs. 5.15 and 5.16).

Allen et al. [120] investigated the effect of displacement rate on
radiation-induced segregation in samples of Types 304 and 316
stainless steel. They compared the microstructures in specimens
irradiated at low dose rates in the EBR-II nuclear reactor with those
in specimens proton-irradiated at much higher dose rates. Despite
mitigating factors, the results suggest that decreasing the dose rate
leads to greater radiation-induced segregation. Specifically,
increasing the dose rate leads to lower depletion of Cr, higher
enrichment of Si and lower enrichment of Ni at point defect sinks.
However, the absence of complete control over all the experimen-
tal variables (e.g. the nature of the knock-on damage produced by
protons and neutrons) indicates that this conclusion should be
regarded with some caution, though additional evidence support-
ing it has recently been presented by Allen et al. [7].

Ferritic and F/M steels generally have more complicated
microstructures than austenitic steels, one of the main differences
being that the structures of F/M interfaces can have features that
do not exist in single-phase alloys. Nevertheless, the radiation-
induced microstructures in ferritic and F/M steels share much in
common with those observed in austenitic steels. These include
the depletion of certain atomic species and the enrichment of
others at GBs, the suppression of RIS by the addition of oversized
solute atoms, RIS at migrating boundaries, etc. A few examples
follow.

Muroga et al. [121] observed the depletion of Cr and enrich-
ment of Ni at ferrite-ferrite grain boundaries in a steel containing
10% Cr and 5% Ni (wt.); this result is shown in Fig. 5.21. In other
respects Cr behaves quite differently in ferritic and F/M steels from
its behavior in austenitic steels in that GBs are sometimes enriched
rather than depleted in Cr. For example, Lu et al. [122] observed
both enrichment and depletion in ferritic steels irradiated by a
variety of different species (electrons, protons, heavy ions). Even
though Cr is clearly an oversized solute atom in ferritic and F/M
steels [27], Lu et al. speculate that under some conditions in certain



Fig. 5.18. Concentration of the indicated elements at GBs in a tip of neutron irradiated Type 304 stainless steel, neutron-irradiated to a dose of 24 dpa at 300 �C; results of
Toyama et al. [119]. The box inset in the image for Si represents the region used to trace the elemental concentrations across the GB (see Fig. 5.19); the box is �20 nm long.

Fig. 5.19. Composition profiles of Cr, Ni and Si normal to grain boundary planes in
Type 304 stainless steel neutron irradiated at 300 �C to a dose of 24 dpa. Data of
Toyama et al. [119].

A.J. Ardell, P. Bellon / Current Opinion in Solid State and Materials Science 20 (2016) 115–139 131
alloys Cr might be considered undersized and behave accordingly.
Wharry and Was [123] find that Cr is enriched at GBs in the F/M
Fig. 5.20. Composition variations of Cr and Si, CCr and CSi respectively, in the grain bounda
in the plane of the grain boundary [119] are represented by x and y. Data of Jiao and W
steel T91 under most irradiation conditions at temperatures below
700 �C, but is depleted at 700 �C, all other irradiation conditions
being equal. They modeled this behavior using a modification of
their own inverse Kirkendall mechanism [124], but acknowledge
that their model does not explain all aspects of the observed
behavior. Marquis et al. [125] and Hu et al. [126] have reported
instances of Cr being both enriched and depleted at GBs in an
oxide-dispersion strengthened ferritic steel that was ion-
implanted at 500 �C. Clearly, there is no consistency with regard
to the role played by irradiation temperature as far as the segrega-
tion or depletion of Cr is concerned. In this context we note that
Wei et al. [127] found neither Cr enrichment nor depletion in
T91 ferritic steel irradiated at 450 �C to 150 dpa, so it appears that
all traces of RIS are eliminated after irradiation to ultra-high doses,
at least in this ferritic steel.

5.3.3. RIS at moving grain boundaries
Grain boundaries in alloys can migrate under irradiation condi-

tions. In such cases the segregation profiles are not symmetric,
with the deviations from symmetry often quite large. An example
taken from the work of Norris et al. [41] is shown in Fig. 5.22. RIS
associated with radiation-induced GB migration has also been
observed directly by Sakaguchi et al. [128] in an austenitic stainless
steel; their results are shown in Fig. 5.23. Sakaguchi et al.
ry planes in HP304 + Si following irradiation to 5 dpa at 360 �C. Distance coordinates
as [106].



Fig. 5.21. Concentration profiles of Ni and Cr at grain boundaries in a ferritic steel
irradiated at 500 �C to a dose of 3 dpa using 1 MeV electrons. Data of Muroga et al.
[121].

Fig. 5.22. Concentration profiles of Ni, Fe and Cr at moving grain boundaries in a
stainless steel irradiated at 420 �C to a dose of 3.5 dpa. The dashed horizontal lines
indicate the average concentrations. The atom fractions of Fe, Ni and Cr are
normalized to unity. Data of Norris et al. [41].

Fig. 5.23. Concentration profiles at a grain boundary that migrated by �20 nm
during electron irradiation of an austenitic stainless steel at 400 �C to a dose of
14.4 dpa. The curves represent the predictions of the model of Sakaguchi et al.
[128]. The arrow indicates the direction of migration of the GB.
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developed a model based on the WOL theory that incorporates the
velocity of the GB via a parameter av,i, called the rearrangement
factor, which depends on the difference between the radiation-
induced and equilibrium vacancy concentrations. For av,i = 0 RIS
is predicted to occur without GB migration, but for values of av,i
as small as 10�8 their model predicts measurable migration. Com-
parisons between the model of Sakaguchi et al. and experimental
data are shown in Fig. 5.23 where it is evident that the agreement,
while not perfect, is quite good.

Sakaguchi et al. [128] note that the physical significance of the
parameter av,i is not well understood. From the perspective of
modeling the migration behavior of grain boundaries under irradi-
ation, it seems that av,i represents the behavior of a boundary sub-
jected to unequal fluxes of point defects within the grains adjacent
to the boundary. That these unequal fluxes induce unequal segre-
gation profiles at the boundaries is probably not too surprising.
But the origin of the unequal fluxes is not known.
5.4. Approaches for suppressing RIS

Various strategies have been proposed to reduce or suppress
RIS, either by altering solute diffusion or by altering the character-
istics of the sinks. We consider a few of these approaches here.
5.4.1. Effect of oversized solute atoms on RIS
A first approach has been to use oversize solute atoms to trap

point defects, and thus favor point defect recombination over
long-range transport. The apparent effectiveness of oversized
solute for suppressing RIS was first demonstrated by Kato et al.
[129], who doped Type 316 stainless steel with approximately
0.35 at.% Ti, Zr, Hf, V, Nb or Ta and irradiated specimens using
1 MeV electrons to doses up to 10.8 dpa at temperatures in the
range 350–500 �C. AEM was then used to investigate RIS, and it
was shown that RIS of Cr and Ni at grain boundaries was essen-
tially eliminated by the additions of Zr and Hf, though there was
no clear correlation between atomic size and the extent to which
RIS was reduced. The beneficial effect of Hf in reducing or eliminat-
ing RIS in austenitic steels has been confirmed by Fournier et al.
[130] who investigated RIS in Type 316 stainless steel, doped with
0.3 at.% Hf or Pt. As seen in Fig. 5.24, Pt and Hf additions signifi-
cantly reduced the RIS of Cr at 2.5 dpa, but the suppression of RIS
of Cr, Ni and Fe in the Hf-containing steel was not as large at a dose
of 5 dpa as it was at 2.5 dpa (the Pt-containing steel was not irra-
diated to 5 dpa).

Subsequent research by Hackett et al. [131] purports to show
that oversized Zr is especially effective in reducing the depletion
of Cr at grain boundaries in proton-irradiated Type 316 stainless
steel, but the published data indicate that for the most part the
effect is small and dependent on the dose and irradiation temper-
ature. The only significant effect of Zr is seen in an alloy irradiated
at 400 �C to a dose of 3 dpa; otherwise there does not appear to be
a major difference between the potency of Hf and Zr on the RIS of
Cr at GBs. First-principles ab initio calculations by Hackett et al.
[132] indicate that the binding energy between Hf atoms and
vacancies is much smaller than that of Zr and vacancies. The
authors claim that this is consistent with the greater potency of



Fig. 5.24. The effect of the oversized solute atoms Hf and Pt on the segregation of Cr
in an austenitic stainless steel irradiated at 400 �C to 2.5 dpa using energetic
protons. Data of Fournier et al. [130].
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Zr in affecting the RIS of Cr, and indeed it might account for the
behavior observed under some irradiation conditions. Yabuuchi
et al. [133] investigated the influence of oversized elements on
the thermal stability of vacancies in Type 316L stainless steels
using positron annihilation spectroscopy. They found that vacan-
cies in ‘‘pure” 316L stainless steels were mobile at 300 �C but were
immobilized by doping of Zr, Ti, Nb or Hf. They suggest that the
vacancy mobility is inhibited by interactions with oversize solute
atoms, but their results do not differentiate the potency of the
oversized solute atoms investigated. Overall, we also would expect
that, if the oversized solute atoms can migrate sufficiently, they
would probably start clustering, in which case their effectiveness
to suppress RIS would decrease over time. This conjecture is con-
sistent with the aforementioned dose effect reported by Fournier
et al. [130].

There do not appear to be many investigations of the effect of
oversized solutes on the suppression of RIS in ferritic and F/M
steels. We are aware of one such study by Lu et al. [134], which
showed that the addition of 1 at.% Hf to a F/M (9.2 Cr, 1.0 Mo, 0.7
Nb, 1.0 W, all wt.%) suppressed RIS of Cr and P in specimens irradi-
ated at 300 �C using 200 keV Ni+ ions to 0.3 dpa. Additions of Hf
thus reduce or eliminate RIS in both austenitic and ferritic steels
irradiated to relatively low doses.

5.4.2. The role of interstitial atoms on RIS
Another approach to suppress RIS, in particular in steels, has

been the addition of interstitial alloying elements. In particular,
Kano et al. [135] investigated the RIS of Cr, Ni and Si in two auste-
nitic steels similar to Types 304 and 316. The 316 alloys contained
0.004, 0.019 and 0.052% C and the 304 alloys contained 0.003,
0.032 and 0.095% N. The changes in concentration at the grain
boundaries compared to their values in the bulk were small, but
appear to have been systematic, especially regarding the
Fig. 5.25. The effect of alloying with interstitial C and N atoms on RIS in an austenitic stee
abcissae represent the changes in concentration of the specified solute atom (Cr, Ni, Si) m
concentrations far from the boundaries. Data of Kano et al. [135].
concentrations of Ni and the impurity element Si, both of which
segregate to grain boundaries during irradiation. The main results
are shown in Fig. 5.25 where it is evident that the influence of
interstitial C and N is most pronounced on the RIS of Ni, with rather
smaller effects on the Cr and Si concentrations. Kano et al. [135] did
not attempt to explain their results, but noted that the nucleation
of dislocation loops was enhanced by the interstitial additions.
5.4.3. The effect of grain boundary structure and character on RIS
A third aspect of strategies for RIS suppression is to control the

efficiency of grain boundaries as sinks for point defects. The char-
acter of a grain boundary, specifically whether it is a low-angle
boundary consisting of a wall of dislocations, or whether it is a spe-
cial boundary, such as a coherent twin boundary or another special
boundary separating grains with a small number of coincident lat-
tice sites (CSL), has been shown experimentally to affect RIS
[136,137]. The first observations were made on proton irradiated
and high-voltage electron irradiated austenitic stainless steels,
respectively, irradiated at temperatures in the range 350–450 �C.
Both investigations showed that the extent of RIS, characterized
by the depletion of Cr and enrichment of Ni, was significantly
reduced at low-angle grain boundaries and special boundaries of
the typeR3 (coherent twin boundaries) andR9. An example, taken
from the work of Sakaguchi et al. [138], is shown in Fig. 5.26 for
grain boundary orientations symmetric around a h1 10i axis of
rotation. Additional research by Kai et al. [139] has shown that
the magnitude of Cr depletion at special boundaries in irradiated
Type 304 SS increases asR increases. Their experiments and model
calculations also show that the widths of the segregation fields
increase as R increases.

The qualitative explanation for the data seen in Fig. 5.26 is clear.
Low-angle and special boundaries are poor sinks for point defects,
so the gradients of vacancies and interstitials in their vicinities
become increasingly small as the ideal CSL boundary orientations
are approached. Consequently the fluxes of point defects decrease
dramatically, hence preferential diffusion of solute by any mecha-
nism is eliminated. In this context it is interesting to point out that
Tomozawa et al. [116] did not observe any solute segregation or
depletion to R3 boundaries in their unirradiated specimens, cf.
the segregation shown in Fig. 5.26. Sakaguchi et al. [140] have
attempted to exploit this behavior by a grain-boundary engineer-
ing approach that attempts to incorporate large numbers of R3
boundaries.

Modeling of the dependence of RIS on grain boundary character
requires the introduction of a parameter that captures the strength
of the boundary as a point-defect sink. Models that do this success-
fully have been developed by Duh et al. [141] and Sakaguchi et al.
[128]. Both models are based on theWOL theory and reproduce the
observed dependence of RIS on grain boundary misorientation
with reasonable accuracy. The curves in Fig. 5.26 show the results
of the calculations of Sakaguchi et al. [138]. The agreement
l irradiated by 12 MeV Ni3+ ions at 300 �C. All units of concentration are in wt.%. The
easured at the half-widths of the concentration profiles at the GBs, referred to the



Fig. 5.26. The effect of grain boundary misorientation on RIS of Cr and Ni in an
austenitic stainless steel irradiated to a dose of 3 dpa at 350 �C. Data of Sakaguchi
et al. [138].
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between the calculated dependencies of the concentrations of Cr
and Ni is excellent. The agreement between the predictions of their
theory and the data of Duh et al. [136] is also excellent.

Just as it does in austenitic steels, GB misorientation impacts RIS
in ferritic steels. Field et al. [142,143] find that RIS of Cr at low-
angle or special boundaries is much lower than at general GB,
and generally increases with increasing GB misorientation. Field
et al. present a rate-theory model that captures the observed
experimental behavior.
5.5. TNES and W-shaped concentration profiles

The search for a satisfactory explanation for the W-shaped con-
centration profiles, exemplified by the data in Fig. 5.17 (1 dpa), has
proven to be vexing and elusive. As noted, such profiles have been
observed in both austenitic and ferritic stainless steels [117,118],
see for instance the Ni concentration profile in Fig. 5.21. More
recently, Marquis et al. [144] observed W-shaped Cr-
concentration profiles at a specific GB in a ferritic steel (15.1 at.%
Cr). The segregation of Cr and C prior to irradiation and at a dose
of �0.5 dpa is shown in Fig. 5.27. Considerable TNES of Cr was
found (3–4 at.% Cr, as was TNES of C (almost 2 at.%), even though
Fig. 5.27. Cr and C concentration profiles across a grain boundary as function of dep
unirradiated alloy, 0 dpa, is from the specimen characterized beyond the end of the ion
depth of 300 nm. Data of Marquis et al. [144].
the concentration of C in the steel was less than 10 wppm. The
authors suggest that the TNES of C at the GB helps to stabilize
the RIS of Cr to the boundary. They also observe that the concentra-
tion of Cr that segregates to the boundary decreases with increas-
ing dose [145]. The concentration profile of Cr is clearly W-shaped
after irradiation to 0.5 dpa, and while the authors claim that this
profile is evolving to a V shape, the only results they show to this
effect are in a heavy-ion irradiated ODS-strengthened steel [125].
The maximum fluence in this work was a factor of 3 higher than
used previously [144], but the irradiation temperature was also
higher (500 cf. 350 �C).

We believe that the authors correctly attribute the persistence
of the W-shaped Cr concentration profile to stabilization by the
prior TNES of carbon to the grain boundary. Additional support
for the possible role of interstitials is provided by Allen et al.
[146], who suggested that the interaction of Cr with interstitial
alloying elements B, C and N, or the ordering tendency of Ni and
Cr, might be important in producing the W-shaped profile. Addi-
tional evidence for this conjecture is seen in the Si concentration
profiles reported by Kano et al. [135] in their ultra-low nitrogen
and ultra-low carbon austenitic steel. Adding to the mystery, how-
ever, is the disappearance of the W-shaped Si concentration pro-
files in the steels with larger interstitial concentrations.

It is not possible to reproduce this behavior using models that
invoke only the IKE, as is evident in the modeling work of Marwick
et al. [147], Perks and Murphy [81] and Allen and Was [83].
Fig. 5.28(a) illustrates the expected Cr concentration profile arising
from a flux of vacancies to grain boundaries under intermediate
cooling conditions. Since Cr is the fastest diffusing element in aus-
tenitic stainless steels [148], a flux of vacancies toward the grain
boundary will induce a Cr flux in the opposite direction, leading
to depletion of Cr rather than enrichment at the GB by TNES. Nev-
ertheless, there are diffusion-based theoretical and modeling
efforts that have had at least a modicum of success. In particular,
Nastar [149] has reproduced a W-shaped profile using the theory
of Grandjean et al. [65], though quantitative agreement with the
experimentally observed profile is not very good. She also shows
that the pre-existing profile produced by TNES is not crucial in
the formation of the W-shaped profile. Additionally, Soisson
[150] has performed KMC simulations that produce a W-shaped
profile at a GB in an irradiated ideal solid solution of a body cen-
tered cubic alloy containing 10% A, 90% B. He has also shown
definitively that non-monotonic concentration profiles can be
reproduced using the WOL theory with an appropriate choice of
physical parameters and boundary conditions. An example of these
th from the implanted surface in a ferritic steel self-ion irradiated at 350 �C. The
range. The concentration profile at 0.5 dpa was taken from the alloy examined at a



Fig. 5.28. Schematic illustration of the segregation tendencies of Cr. In (a) the flux of Cr from the IKE is opposite to that if Cr atoms are bound to vacancies, as postulated by
Faulkner et al. [151]. In (b) the flux of Cr is opposite to that of interstitials according to the theory of Faulkner et al.
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results is seen in Fig. 5.29. The array of dots in Fig. 5.29 represents
the scatter in the data from the simulations and the solid curve
represents the calculations using the WOL theory; the agreement
is exceptionally good.

Rate theory models are capable of reproducing some of the fea-
tures of W-shaped profiles, but there is another type of model that
is also capable of predicting these profiles. It is a model by Good-
win et al. [36], which assumes that solute atoms are strongly
bound to vacancies or interstitials and migrate to sinks accord-
ingly. The model of Goodwin et al. combines Faulkner’s theory of
TNES [152] and the theory of Faulkner et al. [151] on RIS. In the
TNES theory of Faulkner, oversized Cr atoms have a positive bind-
ing energy with vacancies and a negative binding energy with
interstitials. TNES leads to enrichment of Cr at GBs since
vacancy–Cr complexes diffuse toward them during cooling, as
illustrated in Fig. 5.28(a). During irradiation the flux of interstitials
toward grain boundaries exceeds the vacancy flux due to their
higher mobility. In the theory of RIS of Faulkner et al. [151] inter-
stitial Ni–Ni or Ni–Fe mixed dumbbells are driven toward grain
boundaries, thereby producing a flux of Cr in the opposite direc-
tion, as illustrated schematically in Fig. 5.28(b). This theory there-
fore also predicts the RIS of undersized Ni atoms at grain
boundaries. At an intermediate stage of irradiation the initially
enhanced concentration of Cr, due to TNES, becomes depleted by
the flux of Cr away from the GB producing a W-shaped concentra-
tion profile. Subsequent irradiation depletes all the Cr from the GB
and the profile becomes monotonic with distance from the GB.
Faulkner, Goodwin and co-workers do not address the segregation
of Ni and Fe, so it is not known what kind of segregation behavior
Fig. 5.29. Results of the KMC simulations of Soisson [150] for an A–B ideal solid
solution irradiated at 500 K to a dose of 0.5 dpa using a dose rate of 10�3 dpa/s. In
the simulations dAv > dBv and dAi = dBi. The scatter in the simulations is illustrated by
overlapping multiple profiles and the solid curve shows the results of the
calculations according to the theory of Wiedersich et al. [62].
their model would predict. Unlike the theory of Nastar [149], TNES
is an essential ingredient of the model of Goodwin et al. [36].

There have been no attempts at modeling the influence of dis-
solved interstitial atoms on the segregation behavior of substitu-
tional solutes in any alloy system, so far as we are aware. We
also note that W-shaped profiles are usually transient ones, and
that one single mechanism (TNES driven by vacancies, RIS driven
by vacancies, or RIS driven by interstitials) typically cannot cor-
rectly reproduce these profiles, and so most explanations will
require two competing mechanisms. The formation, shapes and
lifetimes of W-shaped profiles remain open challenges for theory
and modeling.
6. Closing comments

Radiation induced segregation remains an important practical
issue because of its impact on the mechanical properties of the
materials where RIS takes place. In many ways, RIS is a mature
and well-understood problem. As illustrated in this review, a large
body of work employing experiments, simulations, and modeling,
has made it possible, in the vast majority of cases, to identify the
individual mechanisms responsible for RIS, typically resulting from
the coupling of chemical and point defect fluxes, and their interac-
tions with characteristics of sinks and the material microstructure.
Despite this remarkable progress, there are still unanswered ques-
tions which provide the impetus for further improving our ability
to predict and mitigate RIS in specific materials, especially for
materials of direct interest to the nuclear industry. One aspect of
this challenge relates to the complexity of these materials, which
are typically multicomponent, non-dilute alloys, often with multi-
ple phases, so as to optimize properties such as ductility and
strength at both low and elevated temperatures, creep resistance,
and corrosion resistance. In these materials, RIS often results from
a delicate balance between competing or synergistic processes, for
instance vacancy-driven and interstitial-driven solute transport. In
order to mitigate or predict RIS, it is therefore necessary to take
into account, and in fact embrace, this material complexity.

A second aspect of the challenges posed by RIS is that it is dri-
ven by non-equilibrium processes, set in by irradiation. As a result,
the microstructural response of the material does not need to fol-
low equilibrium thermodynamics, and in fact it rarely does, often
leading to well-identified non-equilibrium phase transitions such
as radiation-induced precipitation in undersaturated alloys and
microstructural self-organization reactions. In order to meet these
challenges, our community will be able to draw from unparalleled
advances in experimental characterization techniques with
nanometer scale structural and chemical resolutions, such as aber-
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ration corrected transmission electron microscopy and atom probe
tomography, as well as new developments in modeling, from the
atomistic scale through first principles calculations to the contin-
uum scale through approaches like the SCMF kinetic model.

The experimental results reported in this review illustrate
clearly the challenges faced by future modeling techniques and
numerical simulations. A first point is that, owing to the broad
spectrum of length scales and time scales involved in RIS, brute
force atomistic simulations by molecular dynamics or by kinetic
Monte Carlo techniques will not suffice. MD simulations, even
using accelerated algorithms, cannot capture long diffusional time
scales, while KMC simulations require an a priori identification of
the possible elementary events contributing to microstructural
evolution, and KMC cannot handle stress and relaxation effects in
large systems. Continuum models, in the spirit of the WOL model
and of the SCMF, require clear physical derivations of their evolu-
tion equation, and their parametrization requires a fair amount of
atomistic information which is specific to the alloy systems of
interest. It is thus clear that predictive modeling in the future will
require a multiscale approach that integrates atomistic methods
and continuum models. This integration of distinct methods to
address mesoscale evolutions of materials is in fact a well recog-
nized challenge by itself in many other areas of Materials Science.

Beyond the issue of integrating different modeling and simula-
tions techniques, additional specific challenges should be met for
RIS modeling to achieve its full predictive power. A first important
challenge concerns the case of concentrated alloys, which are com-
monly used for applications, e.g., austenitic and ferritic/martensitic
stainless steels. For these alloys, the number of distinct jump fre-
quencies is too large for direct calculations by first principles meth-
ods, and some means needs to be devised to estimate as accurately
as possible the effect of local atomic environments on jump fre-
quencies. One approach developed within the SCMF method is to
rely on mean field approximations, see for instance [153]. Another
approach is to use genetic algorithms and neural networks [154–
156]. More work is however needed to further develop these
approaches before they can be routinely used for RIS modeling. A
second modeling challenge is the inclusion of small defect clusters.
These small clusters, which form either directly in displacement
cascades or by reaction between isolated point defects, can con-
tribute significantly to the evolution of the point defect population,
reducing the concentration of so-called ‘‘freely migrating” defects,
but they can also directly transport solute atoms very effectively,
as for instance in the case of small interstitial clusters migrating
unidimensionally [157–159]. These effects are not included in
existing RIS models. The development of practical and predictive
RIS models for the alloys of interest to the nuclear industry will
require the integration of many if not all of the above factors,
including multicomponent alloys, non-dilute concentrations, stress
and strain defect clustering, into models that despite their inherent
complexity will be robust and numerically efficient. As discussed
in this review, recent developments in theory and modeling have
helped researchers to make remarkable progress. Despite the
daunting complexities of RIS and its numerous and varied conse-
quences, it is expected that this positive trend will continue
unabated.

In addition to the aforementioned active research on radiation-
induced segregation, it is also worth noting that efforts have been
put into the development of materials that would be immune from
RIS. One can envision designing such materials by relying on
microstructures with a high density of point-defect traps and sinks
to facilitate point-defect recombination, thus minimizing the
amount of chemical segregation to any given sink. This strategy
was recognized decades ago [160], but it has received increased
interest thanks to advances in materials fabrication techniques
that are making it possible to synthesize materials for nuclear
applications with nanometric grain size [161], with high densities
of structural and chemical interfaces [162], or with high number
densities of small refractory precipitates [163,164]. The main chal-
lenge in these approaches is to ensure that the high, initial, sink
density is not lost during irradiation through grain boundary
migration, dislocation glide and climb, and precipitate coarsening.
One possible approach to overcome this issue is to rely on the self-
organization of the microstructure under irradiation [165,166], as
illustrated here in Section 5.1. Self-organization could then yield
microstructures that, by design, contain a high number density of
stable sinks under irradiation [167]. More work is however needed
to validate this approach, and to evaluate its compatibility with
other design requirements for nuclear materials.
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